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NOMENCLATURE 
A area, rate constant 
A Angstrom 
BDR bulk draw ratio 
b molecular thickness on a crystal face 
o J 
C molecular flexibility factor 
C degrees Centigrade 
CR compression ratio 
cm centimeters 
D self diffusivity 
DD draw direction 
DSC differential scanning calorimeter 
d diameter, distance 
E nucleation activation constant 
e 2.717 ... 
F function of 
f microtoming distortion factor 
G growth rate 
G growth rate constant 
g grams 
H enthalph 
HDPE high density polyethylene 
h Planck constant 
K degrees Kelvin 
k Boltzmann constant 
L intercept length 
LD normal to draw direction 
LDPE low density polyethylene 
Ln natural logarithm 
1 lamellar thickness 
M molar 
MN molecular weight (number average) 
MW molecular weight (weight average) 
mc millicalories 
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No Avogadro number 
n number of molecular chain segments 
PP polypropylene 
R gas constant 
RT room temperature 
SEM scanning electron micrograph (microscope) 
T temperature 
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TLM transmissions light micrograph (microscope) 
V volume 
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s lateral surface 
Greek Letters 
3 spherulite growth structural factor 
Y shear rate 
A incremental quantity 
6 lamellar width 
e Eyring activation energy for viscous flow 
T] viscosity 
0 time 
\i, micron unit 
v number of primary nuclei 
TT 3.1416 ... 
p density 
a surface energy 
X degree of crystallinity 
Other Indices: 










The usefulness of a polymer material usually depends upon its 
response to stress. Depending upon fabrication and deformation conditions, 
a polymeric solid may be brittle or ductile. Ductile rather than brittle 
deformation is usually desired. The semicrystalline polymers can exhibit 
both types of deformation response. In ductile deformation, some semicrys-
talline polymers undergo a morphological transition to a fibrous structure. 
An understanding of the influence of initial morphology on a polymer's 
response to stress and the structural changes occurring with strain is 
needed to establish crystallization conditions which will improve the 
mechanical properties of polymer solids. 
High density polyethylene, MARLEX 6050, served as a model for study 
on the initial morphological changes occurring in a semicrystalline polymer 
under stress. Large tensile samples of this material were crystallized 
from the melt by using isothermal or air quench cooling conditions. These 
samples, when deformed by uniaxial extension at 60 C, were ductile or 
brittle depending upon crystallization conditions. The isothermally crys-
tallized tensile samples were brittle. However, the quenched cooled 
samples were sufficiently ductile to be transformed into a fibrous structure. 
The polymer properties and structural changes occurring with defor-
mation of the tensile samples were measured or observed by using phase 
contrast light microscopy, scanning electron microscopy, differential 
scanning calorimetry and densitometry. 
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A chromic acid surface etching technique was developed and used to 
reveal the morphological features of the polyethylene surfaces formed from 
cryogenic sectioning of the bulk samples. After etching, the polymer 
structures were observed by using a scanning electron microscope. Etching 
was found to enhance surface structural features by more rapidly oxidizing 
areas of less crystallinity and regions containing structural discontinu-
ities such as cracks. 
Morphological examination of the predrawn bulk samples showed that 
the isothermally crystallized samples had a uniform splayed spherulitic 
superstructure. Quenched samples had ringed spherulites at or near their 
surfaces and splayed spherulites in their interiors. This superstructure 
gradient with sample thickness formed during crystallization and was caused 
by an increase in thermal insulation with sample depth. Because of this 
effect, ringed spherulites, formed at the quenched sample surfaces, were 
crystallized at lower melt temperatures than the splayed spherulites found 
within the sample. 
As shown by heats of melting and density measurements, the splayed 
spherulite superstructures were more crystalline than the ringed spheru-
lites. Also large cracks were observed between and through the predrawn, 
splayed spherulites of the isothermally crystallized samples. These cracks 
were due to a volume reduction accompanying high structural crystallinity. 
No cracks were observed before or after initial deformation of the 
ringed spherulites. However, density measurements showed that sample 
density decreased slightly after limited drawing. This volume increase 
may be caused by the formation of unobserved submicroscopic voids in or 
between the ringed spherulites. Initial deformation within individual 
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ringed spherulites was homogeneous, but deformation was not uniform among 
neighboring ringed spherulites. This implies that some slip in shear was 
occurring between spherulites. 
All spherulites formed during quenched crystallization had nearly 
equal diameters of about 60 microns. Thus as an approximation, melt 
crystallized polyethylene is constructed of many small perfectly packed 
spherical superstructures. Using this structure model, spherulitic growth 
rates during primary crystallization were calculated from differential 
scanning calorimeter thermograms. These growth rate data and estimates 
of molecular mobility in the melt were used to estimate the number of 
molecular tie links providing strength to the solid superstructures. 
Polyethylene melt, crystallized at lower temperatures, contained many more 
tie links within a ringed spherulite superstructure than splayed spherulite 
superstructure crystallized at higher temperatures. 
In summary, the ductile draw behavior of high density polyethylene 
depends strongly upon the melt crystallization conditions. Slow cooling 
or use of high isothermal temperature conditions produce highly crystalline 
solids. These solids contained large cracks caused by unrelieved volume 
contractions. These crystallization conditions produced superstructures 
which contained few molecular tie links to blunt the growth of these cracks 
when these samples were extended. Therefore sample fracture occurred. In 
contrast, rapid cooling of polyethylene melts forms solids with spherulite 
superstructures composed of closely packed lamellar bundles which are con-
nected by many molecular tie links. These tie links redistribute stress 
concentrations imposed in the initial stages of drawing and thereby blunt 
XV 
any crack propagation. This allows these superstructures to rearrange 
themselves without brittle fracture and begin a ductile draw transforma-




Polymeric materials are important because of their low manufacturing 
cost, ease of fabrication, strength, and toughness. Films, adhesives, 
elastomers, and fibers are produced from synthetic polymers. For almost 
every plastic product, man has engineered a polymer system to respond in 
a specific environment to physical and chemical forces in a manner suitable 
to meet his needs. The environment can be as simple as standard room con-
ditions or as exotic as conditions in outer space or the interspace of 
our own bodies. 
Although man uses polymer materials, his ability to engineer their 
properties is usually crude and empirical. Fundamental knowledge of even 
simple polymer systems is inadequate. Much work must be done before man 
can understand the true nature of long chain molecules and more adequately 
engineer polymer materials. 
A linear polymer molecule's dimension in length is usually very 
much greater than its diameter. For polyethylene, the diameter is only 
a few angstroms, whereas the molecular length may be thousands to millions 
of angstroms. 
Most plastics are composed of polymer molecules of the same type 
which have a large distribution of lengths. Each molecule, because of 
its length, interacts with itself and many of its neighboring molecules. 
The attractive forces of molecular interaction and the freedom of 
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molecular movement in these force fields determine the response character-
istics of a plastic to stress. These response characteristics, e.g. 
impact resistance, stiffness, and hardness, are measured by various stand-
ard mechanical tests. Molecular mobility and intermolecular forces and 
therefore plastic properties are critically dependent upon the temperature 
and the ability of the polymer molecules to pack together. 
In the melt state, van der Waals and polar attractive forces between 
atoms of polymer molecules are great, but less than in crystalline solids. 
Molecular volume and mobility are greater than the crystalline solid and 
the plastic's response to stress is that of a viscoelastic fluid. Mole-
cules are arranged with much less order than in a crystal. 
As the temperature of a polymer system is reduced, molecular mobil-
ity decreases and the molecules may rearrange themselves to decrease their 
free energy. Molecules in arranging themselves develop a greater degree 
of order. If after this process of ordering an imperfect crystal state 
exists, then the polymer has crystallized. Other polymers solidify with-
out sufficient order to be crystalline. The amount of molecular ordering 
after a crystallization process is dependent ultimately upon the atomic 
composition of the polymer, but more directly upon its molecular length 
distribution, and the rate at which the system temperature is reduced. 
The polymer systems with limited or no molecular ordering after solidifi-
cation are supercooled viscoelastic fluids which may become glassy at 
lower temperatures. Usually perfect molecular ordering with a complete 
thermodynamic decrease in the system's free energy is not possible due to 
kinetic restrictions, i.e., viscous retardation. These are the semicrys-
talline or partially crystalline polymers. 
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In research on semicrystalline polymer systems, high density 
polyethylene frequently is selected for study because it is a commercially 
important and relatively simple, linear polymer. This polymer has served 
as a model of study by many investigators. Most investigators have used 
solution or melt cast thin films or single crystals because of the diffi-
culty of analyzing bulk crystallized samples. These past studies are in-
dicative of what is present in bulk polyethylene; never-the-less, confirma-
tion by duplicating and studying the true commercial bulk crystallization 
and deformation situations is required. 
In this work, large high-density polyethylene samples were crys-
tallized from the melt at rates approximating commercial practice and de-
formed by uniaxial extension at a relatively low temperature, viz., cold 
drawn. The morphology and the initial structural changes that occurred 
in the solid polymers were analyzed using light microscopy, scanning elec-
tron microscopy, differential scanning calorimetry, and densitometry. The 
results obtained from the bulk samples were compared and found compatible 
with the interconnected multi-phase semi-crystalline theories of morphology, 
crystallization mechanism, and deformation response which have been formu-




REVIEW OF THE LITERATURE 
Polyethylene often has been selected for polymer science studies 
because of its relatively simple molecular structure. The properties of 
polyethylene molecules have been studied in dilute solvent solutions, in 
29 
the melt phase, and in the solid phase as single crystals or thin films 
CO 
crystallized from solutions or melts. From this work it has been estab-
lished that polyethylene crystallizes from dilute solutions and melts in 
the form of crystallites of approximately 100 A in thickness and several 
microns in width and length. The polymer molecules are folded at the 
surfaces of the crystallites and lie parallel to one another in the plane 
normal to these surfaces. The crystal unit cell is orthorhombic with the 
molecules in a planar zig-zag conformation. Each molecular fold can be 
formed with four or five gauche carbon to carbon bonds. 
Crystallization of polyethylene from melts or concentrated solu-
tions is never complete due to the collection of molecules in a partially 
oriented and constrained amorphous phase between lamellar crystallites. 
An interconnected multi-phase polymer system is formed which has a contin-
uously alternating imperfect crystal phase--constrained amorphous phase 
45 80 82 
construction. ' * When this system is stressed, the strain that re-
sults is from the interaction of the phases to the applied stress. The 
54 55 
amount of order in the phases and the connectedness ' between phase 
units greatly affect the mechanical properties of semicrystalline polymer 
5 
systems. 
Obviously, control over the solid structure would enable better 
engineering design of the polymer systems to meet specific mechanical needs. 
Some of the techniques used for structure control include: 1) introduction 
of fillers or plasticizers, 2) blending in different types of polymer into 
the structure, 3) increasing molecular branching, 4) changing the average 
molecular length and/or the molecular length distribution, 5) regulation 
of the process of molecular crystallization, and 6) orientation of the 
molecular structure during or after crystallization. Two methods of con-
trol, 1) regulation of the process of bulk crystallization from the melt 
state, and 2) orientation by cold drawing, will be reviewed with emphasis 
on application to the high density polyethylene system studied in this 
work, MARLEX* 6050. 
MARLEX 6050 is a typical unfilled commercial plastic made of medium 
molecular weight, highly linear polyethylene molecules having a broad 
molecular weight distribution. Because of chain regularity, i.e., a small 
degree of branching and suitable atomic profile, molecular folding is 
easily accomplished? consequently, the degree of crystallinity and bulk 
density are high. Therefore the name, high density polyethylene (HDPE). 
Medium density and low density polyethylenes (MDPE, LDPE) contain molecules 
that are branched which limits the degree of crystallinity, and hence the 
maximum density they can develop. 
Trademark, Phillips Petroleum Company, Bartlesville, Oklahoma. 
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Bulk Crystallization of High Density Polyethylene 
HDPE bulk crystallization is usually accomplished at low pressures 
by lowering the melt temperature below the polyethylene crystallization 
temperature. In the less common pressure crystallization process, solid-
ification is obtained by the sudden release of a large compression force 
on the melt. This lowers the crystallization temperature below the melt 
temperature. 
Most commercial crystallization processes are of the low pressure 
type. The melt temperature is either lowered to a constant value below 
the crystallization temperature, isothermal crystallization, or is contin-
uously decreased, dynamic crystallization. The dynamic crystallization 
process is the more common industrial practice, while the isothermal 
crystallization process mainly is used for laboratory studies on crystal-
lization kinetics. 
In all thermal crystallization processes, the phase change from the 
viscous melt to the solid state does not occur instantaneously, but is con-
trolled by the kinetics of primary and secondary nucleation, i.e., the 
mechanism of attaining the first molecular fold onto a "seed" structure 
and the subsequent continuation of molecular folding on the then existing 
polymer crystal surface. 
Primary Nucleation 
Provided the melt temperature is sufficiently low, either hetero-
geneous and/or homogeneous primary nucleation occurs to initiate molecular 
crystallization. In both nucleation types, crystallization is initiated 
by "seed" structures which may be foreign objects, e.g., dirt or catalyst 
7 
particles; or organic agents, e.g., remains of previous crystal structures 
or gel particles. The "seed" structures must contain regions of chemical 
affinity and geometrical shape which are of appropriate size and length to 
accommodate and hold a polymer molecular segment. This action probably 
provides the polymer anchor needed to establish the first molecular fold. 
If the number of active "seeds" varies both with time and melt temperature, 
homogeneous primary nucleation is occurring. If the number of active 
"seeds" varies only with temperature, heterogeneous primary nucleation is 
occurring. Combinations of homogeneous and heterogeneous nucleation can 
also occur. 
19 
Cormia, Price, and Turnbull have shown that when bulk samples of 
MARLEX 6050 HDPE are melt crystallized, primary nucleation is always het-
erogeneous. They suggested that the "seeds" of nucleation are hetero-
geneities because freezing sites were always initiated at the same points 
in the melt after repeated sample freezing and melting. 
81 
Pennings, Van der Mark, and Kiel have shown that primary hetero-
geneous nucleation of MARLEX 6050 HDPE in solvent solutions can be induced 
by hydrodynamic shear. During crystallization of these solutions, shish-
kebab crystal structures form around nuclei of elongated polymer molecules. 
These primary nucleation "seeds" probably are generated by unidirectional 
stretching and alignment of entangled molecules, i.e., an unraveling of 
the molecular coils in the laminar flow regions of the stirred solution. 
For polypropylene samples crystallized immediately after injection mold-
7 ft 
ing, Fitchman and Mencik have observed morphological features which are 
due to the hydrodynamically induced primary nucleation caused by the melt 
8 
flow occurring during the injection molding operation. Thus hydrodynamic-
ally induced heterogeneous nucleation is common to both solution and melt 
crystallization processes. 
Secondary Nucleation 
In the secondary nucleation stage of bulk crystallization, polymer 
molecules continuously fold onto the growth surface established during 
primary nucleation. Although each molecular fold increases the molecule's 
free energy, the act of folding increases the cohesive interaction between 
molecules to provide the thermodynamically required total decrease in the 
polymer system's free energy. 
If the polymer system is slowly crystallized in a manner which 
allows an approach to thermodynamic equilibrium, the molecular chains 
1 2 
will become extended. ' For the more common rapid crystallization pro-
cesses, equilibrium is not closely attained because of rate and viscous 
effects. Rapid crystallization conditions require the system to select 
the solidification path that will most rapidly decrease its free energy. 
This effect dictates that a definite average molecular length between folds 
be established for each crystallization condition. This maximizes the 
rate of molecular addition to the crystal surface. 
Hoffman and co-workers have shown that this kinetic effect is 
one of growth by coherent secondary nucleation. The correct temperature 
dependence of crystal thickness and growth rates normal to the folded 
molecular chains is predicted by this model. In this model, crystal 
growth is the result of the probability that a certain number of thermally 
induced, segmental, molecular jumps toward the crystal growth surface will 
have the energy necessary to overcome both a viscous energy barrier of 
9 
motion and also have the energy needed for aligning and folding onto the 
crystal surface. The energy of the viscous barrier is a function of the 
polymer's chemical structure and the system temperature. The energy 
needed for molecular attachment to the crystal surface is a function of 
melt temperature and its supercooling. For both HDPE and LDPE, the kinet-
14 ics of crystal growth is similar at the same relative melt supercooling. 
The viscous energy barrier varies with the amount and degree of 
molecular entanglements in the melt or solution phase, i.e., the molecular 
105 
lengths and distribution, solvent concentration, and temperature. The 
nucleation barrier is a strong function of the polymer molecule's stereo-
regularity . 
Because of length differences, each molecule has its own particular 
susceptibility for solidification from the melt or solution, and therefore 
50 94 
some molecular segregation must occur during crystallization. ' The 
extent of this segregation probably depends upon the amount and rate of 
melt supercooling. 
Secondary Crystallization 
During the secondary nucleation process, the polymer molecules that 
are fully or partially rejected from the growth surfaces collect between 
the lamellar crystallites. These molecules, which account for approximately 
38 
half of the polymer material may later crystallize at a slower rate or 
47 
when temperature conditions are more agreeable for crystallization. This 
post or secondary crystallization continues for a long period of time after 
primary crystallization is completed, and is probably controlled by mo-
40 
lecular diffusion. The exact mechanism of secondary crystallization is 
10 
obscure, but it is probably from the actual formation of additional 
crystallites rather than an increase in perfection of existing crystal-
Tt- 9 3 
lites. 
69 
Matsuoka suggested that secondary crystallization could produce 
voids between the crystallites formed by primary crystallization. This 
effect probably was observed from sample fracture surfaces of annealed 
MARLEX HDPE. 
Morphology of Bulk Crystallized Polyethylene 
In bulk crystallization of polyethylene from the melt, primary 
nucleation occurs at many sites. From each site, lamellar crystallites 
expand to fill space by the process of secondary nucleation and branching. 
The structures formed are called spherulites. Each spherulite expands by 
radial growth of the lamellar crystallites acting in concert until it im-
pinges with other spherulites. After impingement, rapid primary crystal-
lization is completed. Before and after impingement, slower secondary 
53 
crystallization is occurring. The steps of primary nucleation, lamellar 
growth and branching by secondary nucleation and the spherulite structure 
after impingement, are schematically depicted in Figures 1, 2, and 3, 
respectively. 
Lamellar Structure 
After primary nucleation and during secondary nucleation the lamellar 
crystallites grow outward as molecules are "reeled in" from the melt to 
the growth fronts. Neighboring melt molecules become aligned normal to 
the growth fronts. In primary crystallization of melts, the lamellar crys-
tallites are discrete units but in densely packed arrays. Because of the 
11 
Figure 1. Schematic of Heterogeneous Nucleus and Lamellar 
Branching [l) Heterogeneity, 2) Surface of a 
Primary Lamalla, 3) Lamellar Growth Direction, 
4) Surface of a Branched Lamella] 
12 
Figure 2. Schematic of Lamellae During Primary Growth 
[l) Interlamella tie links, 2) Direction of 
Molecular Movement, 3) Lamallar Growth Direc-
tion, 4) Lamellar Thickness, 5) Unperturbed 
Melt, 6) Perturbed Melt, 7) Secondary Nucleii 
Growth Surface, 8) Molecular Fold Surface, 9) 
Lamellar Width] 
13 
Figure 3. Schematic of Melt Crystallized Polyethylene Spherulites 
Showing Lamellar Branching [l) Nucleus, 2) Impingment 
Boundary, 3) Constrained Growth Volume, 4) Primary 
Growth Direction] 
14 
closeness of growth fronts and molecular alignment in the melt, some of 
the intervening molecules in the melt phase between crystallites may be 
partially crystallized within two adjacent lamellae. This action constrains 
the melt phase between crystallites and links lamellae together. Keith 
and Padden and others ' believe this forces a coordination of lamellar 
orientation during crystallization. This phenomena could explain the co-
30 
operative radial twist among lamellae during growth. This can be ob-
served from polarized light microscopic views of spherulites in thin 
polymer films. 
Schultz and Kinloch proposed that the direction of lamella 
twisting is due to transverse screw dislocations of the same sign which 
are spaced along the lamellar radial axis. This model predicts the cor-
rect temperature dependence of the degree of twist, viz., larger super-
cc. z.n 
cooling produces greater lamellae twist. However, Keller and Sawada 
have questioned the ability of completely twisted lamellae to pack and 
efficiently fill space. This objection has been eliminated by the recent 
12 13 
observations of Breedon, et al. ' Their electron micrographs of melt 
crystallized MA.RLEX 6050 showed that lamellar rotation is probably due to 
alternating right and left-handed partial twist. This geometry would 
enable closer lamella packing and provide the efficient space filling re-
quirements needed. 
To fill space, the twisting lamellae must also branch during growth. 
48 
Keith and Padden have theorized that the frequency of noncrystallographic 
branching during melt crystallization is inversely proportional to the 
width of the growing lamellae, i.e., a larger lamellar width decreases 
branching. They proposed that the lamellar width is proportional to the 
15 
ratio of molecular self-diffusivity in the melt to the crystallite growth 
rate. In their analysis any singularity in the form of a misoriented re-
gion on the lamellar surface, e.g., a screw dislocation, is a potential 
source of noncrystallographic branching. Branching will occur if the mis-
orientation is approximately equal to the size of the lamellar width form-
ing in the system crystallizing. Generally, in bulk crystallization, 
lamellar width and separation, i.e., coarseness, increases with decreasing 
melt viscosity and decreasing supercooling. This effect appears to be 
confirmed by Krueger and Yeh in their work on crystallization of poly-
ethylene films under high shear flow and rapid cooling conditions, i.e., 
large supercooling. They have produced samples with lamellae having width 
and length dimensions much less than the wave length of visible light, 
i.e., transparent crystallized polyethylene. Normal crystallization con-
ditions produce larger anisotropic lamellae which scatter light. 
Keith and Padden's analysis also suggests that the distance main-
tained between lamellar crystallites during primary crystallization is 
approximately equal to the thickness dimension of the forming lamellae. 
The material collected between the lamellae is a constrained, amorphous 
phase of shorter molecules which contains the longer tie molecules con-
necting lamellae. Of course, some of the amorphous phase molecules will 
solidify during secondary crystallization. The small angle x-ray studies 
44 
of Kavesh and Schultz on melt crystallized MARLEX HDPE appear to confirm 
the existence of this multi-phase structure. In their work, lamellar 
thickness and constrained, amorphous interlamellar thickness varied with 
crystallization conditions, but maintained a thickness ratio of approx-
imately one to one. 
16 
Spherulite Structure 
From the above discussion it was shown that spherulite structure 
is the result of coordinated lamellar twisting, branching, and growth in 
a radial direction from a primary nucleus into a polymer melt. This system 
of spherulites defines the bulk structure of many semicrystalline polymers 
including HDPE. 
As spherulites grow, very low molecular weight impurities, because 
of their high mobility, tend to diffuse radially away from each of the 
advancing lamellar growth fronts. Higher molecular weight impurities with 
less mobility together with interlamellar molecular tie links collect be-
49 
tween the radiating, lamellar branches. It is believed that the low 
molecular weight impurities which collect between spherulite boundaries 
I--- u • 18,46,86,91 m u . .„. , u1 reduces interspherulitic cohesion. These impurities probably 
decrease the number of tie links formed between impinging spherulites, 
the interspherulitic tie links, and therefore weaken the bulk superstruc-
ture . 
42 
Kasatkin, et al., in their work with thin solution cast films of 
polyethylene, showed that increased end contact between the growing lamel-
lar ribbons of impinging spherulites would improve the strength of the 
spherulite superstructure. End contact provides the geometry which 
enables more molecules to tie together growing lamellar ribbons of differ-
ent spherulites in the borders between spherulites. 
In summary, polyethylene bulk macros trueture is formed from the 
union of many spherulitic superstructures each of which is in turn formed 
from many iamellar substructures made from the molecular crystalline 
17 
microstructure. Apparently each structural unit is connected to other 
units by some form of molecular tie link. 
Deformation of Polyethylene 
With regard to the multi-phase theory of semicrystalline polymer 
structure, polyethylene bulk deformation can be considered as the direct 
and combined interactive response of each structural unit within the 
polymer system to an applied stress. Each structural unit ranging from 
the largest level of spherulite superstructure to the smallest crystalline 
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microstructure is connected by molecular bonds in the form of tie groups. ' 
Therefore any semicrystalline polymer, including polyethylene, is structur-
69 
ally inhomogeneous and contains mechanical defects, voids, and crystal-
line dislocations, ' which are introduced into and between structural 
units during crystallization. Any large stress acting on a mechanically 
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inhomogeneous structure will have concentrated stresses at its flaws. 
If the polymer structure is sufficiently mobile at these flaw points, then 
deformation energy can be dissipated by local inelastic flow in which only 
a few molecular bonds are broken. If the rate of strain is large at these 
points and low temperature conditions restrict molecular mobility such 
that the energy absorbed by flow exceeds the energy needed to create new 
surfaces, then the largest flaws will propagate preferentially along struc-
tural paths of least resistance, i.e., along spherulite boundaries and 
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between lamellae. As these cracks propagate more rapidly, less molecular 
flow is possible at the crack growth tips because of molecular flow rate 
limitations. Therefore energy is absorbed more and more by breaking molec-
ular bonds until finally rapid catastrophic bulk fracture occurs at the 
weakest flaw. 
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Therefore , bulk ductile deformation occurs only if temperature and 
strain rate conditions exist that favor the required molecular flow at each 
level of the polymer's structure. Otherwise brittle fracture will result. 
Polymer ductile deformation by uniaxial extension below the poly-
mer's crystallization temperature, the cold draw process, is critically 
important industrially. This draw process provides the high speed medium 
needed to transform a relatively unoriented spherulitic polymer structure 
into the fibrous, high strength oriented structure which produces a syn-
thetic fiber. For this draw process, a pre-drawn polymer structure must 
be formed in crystallization which insures that ductile transformation 
occurs over possible brittle fracture. 
Polyethylene has been used extensively to study the cold draw 
process. The results of major studies on the molecular mechanics of bulk 
polyethylene cold draw deformation are outlined below. 
Structural Criterion Necessary for Cold Draw Deformation 
Many investigators have detected submicroscopic and microscopic 
fissures developing during the initial cold draw deformation of polyethy-
9 
lene. Bettelheim and Stein using penetrating and nonpenetrating liquids 
measured increases in the specific volume of MARLEX 6050 film during 
stretching, and concluded that submicroscopic holes appear before twenty-
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five percent elongation. Keith and Padden observed that voids are formed 
at the center of spherulites and at interspherulite boundaries during ini-
tial stretching of thin spherulitic films of linear polyethylene. They 
suggested that this caused the opalescence and the low densities of drawn 
polyethylene. 
Zhurkov and co-workers, ' using x-ray, EPR, and IR techniques, 
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found that submicroscopic fissures developed in the amorphous regions of 
room temperature stressed polyethylene film. These microvoids result 
from molecular bond rupture and have disk like shape (spanning ~ 150 A ) . 
These disks are oriented normal to the induced stresses. They also found 
that during ductile deformation the size of these disks remain unchanged, 
but that their concentration within the sample increases continuously to 
83 
a limiting value. Peterlin explains that these fissures are the rupture 
of tie molecules in the polyethylene structure. He concludes that the 
large number of fissures in drawn HDPE is a consequence of high stress 
concentrations on the shortest, most unfavorably located tie molecules 
which are irregularly distributed throughout the sample superstructure. 
If a sufficient number of molecular tie links at any microfissure 
are broken during sample straining and permit the microfissure to reach a 
critical crack size, then by self-propagation through the crystalline 
microstructure, a microcrack would appear in the spherulite superstructure. 
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This has been observed in bulk samples by Muzzy. ' Indeed if these 
microcracks continue to grow and are not blunted or stopped by the molec-
ular tie groups in the superstructure, then catastrophic bulk fracture 
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will occur. Smith also observed these microscale, inhomogeneous de-
formations in his studies of polyethylene film fracture under multi-
axially applied loads. 
In summary, when stressing a bulk sample of polyethylene, initial 
deformation probably occurs in the interlamellar constrained amorphous 
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layer where voids exist due to crystallization and where short tie links 
are strained and broken. If these microcracks, either existing or formed 
from the broken tie links, do not propagate through the structure but are 
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contained and only serve to absorb the severe local stress energy, then 
spherulitic polymer structure reorganization into a fibrous structure will 
begin without catastrophic fracture. 
Ductile Deformation by Cold Drawing 
Peterlin has recently proposed a molecular model which apparently 
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explains the polyethylene drawing process. A brief description 
of this model and the major studies which have guided to its formulation 
are outlined below. 
Three stages of deformation exist during cold drawing of semi-
crystalline polymers such as HDPE: 1) plastic deformation of the original 
spherulitic structure in the bulk sample pre-neck region, 2) discontinuous 
transformation of the spherulitic structure into a fiber structure by 
micronecking in the bulk sample neck region, and 3) plastic deformation 
of the fiber structure in the bulk sample post-neck region. 
In the first stage, lamellae are initially in parallel stacks within 
the spherulite superstructure and are interconnected by molecular tie links 
in the amorphous interlayer between lamellae. The number of these tie 
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links increases with molecular weight and rate of crystallization. ' 
During the initial strain, because the lamellar crystalline structures are 
stronger than the tie links connecting them, the lamel_ae rotate, slip 
and/or tilt until each lamella reaches an optimum position where it can 
deform by longitudinal molecular chain slip within its lattice. This op-
timum position exists when lamellae are tilted approximately 45 to the 
stress axis. Lamellae are positioned differently within the spherulite 
superstructure and therefore the amount of lamellar tilt will vary depend-
ing upon its position in the spherulite relative to the stress axis. 
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Therefore, this stage of deformation is not micro or macro uniform. 
However, the individuality of the spherulites remain preserved and almost 
all the induced strain is accommodated in the interlamellar, amorphous 
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interlayer. From x-ray studies of HDPE, Kaufman and Schultz indicate 
that during this stage some molecules are pulled out of the lamellae to 
destroy some of their crystallinity and some tie molecules in the amorphous 
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interlayers extend. Also from x-ray studies, Keller and Pope indicate 
that some microvoids are also formed in the amorphous interlayers during 
this stage. 
In the second stage, every lamella transforms into a microfibril 
by a process of micronecking. In micronecking, blocks of folded molecular 
chains are pulled off of the lamellar ribbons by shear slip at the weak 
planes within the lamellar lattice. The folded chain blocks are attached 
to each other by the previously existing tie molecules and the tie mole-
cules which are formed when the blocks are pulled from the lamellar rib-
bons . Cracks or microvoids appear during this process. Many tie molecules 
bridge the cracks formed normal to the stress axis, but very few tie mole-
cules bridge the cracks parallel to the stress axis. Therefore lateral 
cohesion between blocks is weak and the longitudinal cracks coalesce and 
elongate during addition straining This is especially noticeable at 
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spherulite boundaries. 
The crystalline blocks pulled from the lamellar ribbons are attached 
to one another by tie molecules and form a "string of pearls" structure 
that is very thin, a few hundred angstroms, but very long, ten or more 
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microns. ' The thickness of each crystalline block depends upon its 
draw temperature, i.e., the temperature in the micro lamellar destruction 
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zone, and not upon the bulk temperature or the original lamellar thickness. 
The long structural unit which forms is a microfibril and the transformed 
spherulite structure has become fibrous. 
In the final stage of deformation, the microfibrils slide past one 
another, and thus extend the interfibrillar tie molecules and also unfold 
some molecular chain sections from their anchor on the crystalline blocks. 
Due to this plastic deformation, there is a rapid increase in bulk sample 
length by alignment of interfibrillar tie molecules with the stress axis. 
With progressive strain, the resistance to elongation or strain hardening 
increases due to the alignment of these tie molecules. An elongation value 
is eventually reached where additional post-neck extension is not favored. 
Tensile stresses are then transmitted through the post-neck region to the 
neck region where lamellar transformation continued. 
Summary 
From the studies on polyethylene crystallization, deformation, and 
morphology, general molecular theories of polymer structure formation and 
mechanical deformation have been established which probably apply to all 
semicrystalline polymers. Of course, depending upon the polymer's chem-
105 24 59 
ical structure, deformation rate, and phase state, some of these 
molecular theories may need slight adjustments, but they explain most of 
the structure and deformation observations made on more complicated polymer 
, , 21,88,106 systems such as nylon. 
Crystallization conditions affect the number and orientation of 
tie molecules within a polymer solid. Extreme crystallization conditions 
can produce almost no molecular tie links, e.g., an extended crystalline 
23 
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chain structure ; or many oriented tie molecules, e.g., transparent 
ft 9 
polyethylene structures. When a polymer system is stressed, if the 
number of tie molecules is large, they act to keep the stress distribution 
uniform so that ductile deformation can occur even though microvoids or 
108 
cracks are forming. If the number of tie molecules is small, localized 
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stresses occur which may produce a sufficiently large Griffith type flaw, 
and bulk rupture may take place. Ductile cold draw deformation produces a 
fibrous product whose strength is due to the formation and alignment of 
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tie molecules in the stress direction. Therefore, the toughness and 
strength of a polymer in an environment is dependent upon the number of 
tie links in its structure, and their ability to resist brittle deforma-
tion by crack formation and propagation. 
The above theories have been almost exclusively formulated from 
experimental observations made on thin films or single crystals. Very 
little experimental work on large polymer samples has been done and some 
uncertainty exists concerning the applicability of these theories to the 
three dimensional situation existing within large samples. ' This work 
was undertaken to study the deformation response of large bulk crystallized 
HDPE samples and to relate the structural changes occurring to that pre-






In order to simulate polymer melt-crystallized morphology and bulk 
size deformation response, thick sheet samples of MARLEX 6050 high density 
polyethylene were needed. The use of films or thin sheets was rejected 
because this would introduce undesired surface effects into the polymer's 
structure. It was previously concluded from other studies that thin film 
structures do not simulate bulk structures or their deformation response. 
The use of these large samples also enabled the observation of structure 
morphology at all the various stages of bulk deformation and also provided 
sufficient sample material for structure analysis by several characteriza-
tion techniques. 
Material Selection 
MARLEX 6050 HDPE is an ethylene homopolymer produced by the Phillips 
Petroleum Company. The resin properties are listed in Table 1. MARLEX 
6050 is a typical unfilled linear polyethylene having a broad molecular 
weight distribution. It was selected for study because it has a relatively 
simple crystalline structure, and can be deformed by cold drawing under 
uniaxial extension. Also it has been extensively characterized in the 
o o -j c 
drawn and undrawn state from past studies on thin films and rods. 
Table 1. Nominal Physical Properties of MARLEX 6050 
Property 
Molecular Weight (Weight Average) 
Density, gms/cc 
Melt Index, gms/10 min 
Molecular Weight Distribution (MW/MN) 
Environmental Stress Cracking 
Resistance, hrs @ F 
2 
Tensile Strength, psi (kg/cm ) 
20 in/min (508mm/min) 
2 in/min (50.8mm/min) 
Elongation, % 
20 in/min (508mm/min) 
2 in/min (50.8mm/min) 
Impact Strength, ft ]bs/in. notch 
(cm kg/cm) 
Vicat Softening Temperature, °F (°C) 
Brittleness Temperature, °F (°C) 
2 
Flexural Modulus, psi (kg/cm ) 











D638-64T Die "C" of 4400 
D412-64 4000 
D638-64T, Die "C" of 12 
D412-64 120 
D256-56 .8 ( 
D1525-65T 257 
D746-64T -110 




To eliminate gas entrapment in the large polyethylene samples 
needed for study, a vacuum sheet forming operation was required. The 
MARLEX polyethylene resin in fluff form was placed uniformly into a flat 
three sided mold, 10" x 16" x 1". The mold containing the polyethylene 
fluff was heated in an over to 170 C under 28 inches Hg vacuum. A small 
nitrogen gas bleed was purged through the oven to remove oxygen and thereby 
inhibit polyethylene oxidative degradation. After slow cooling (~ 15 C/hr) 
from 170 C to 50 C, the 1/4 inch thick polyethylene sheet was removed from 
the vacuum oven. 
Four samples having a dog-bone shape, 4" x 10" X 2" gauge width, 
were cut from each sheet to dimensions closely conforming to ASTM test 
method D638-64T (Tensile Properties of Plastics). See Figure 4 for sample 
dimensions. Any defective samples containing holes or cracks were discarded. 
Thermal Crystallization 
The purpose of the thermal crystallization step was to form the 
polyethylene sheet samples into uniform thickness tensile samples having 
structures which are typical of those produced in commercial crystalliza-
tion operations. A thermal gradient crystallizer (TGC) was built to 
accomplish this task. See Figure 5. 
The TGC in a cross-sectional view appears as a sandwich. From the 
center containing the dog-bone shaped polyethylene sample, it was outwardly 
constructed of a 1/8 inch aluminum support plate, a 1/4 inch air channel, 
and a 1 inch block of asbestos insulation. The polyethylene sample was 
surrounded on its periphery by a 0.22 inch thick Teflon spacer. The 
aluminum-TefIon-polyethylene sample sandwich structure was held together 
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Figure 5. Cross Sectional Schematic of Thermal Crystallizer 
[l) Insulation, 2) Spring Clamp, 3) Aluminum Sup-
port, 4) Polyethylene Sample, 5) Air Channels, 6) 
Teflon Support] 
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by six force spring clamps. When the oversized 1/4 inch thick polyethylene 
samples melted in the TGC, they were compressed to a. uniform 0.22 inch 
thickness and a small polymer flash formed around their periphery. This 
action produced an air tight contact between the polyethylene sample and 
the other sandwich members. This prevented sample oxidation, decreased 
heat transfer resistance between the sample and aluminum support plates, 
and insured sample to sample thickness uniformity. 
During the crystallization operation, heated air was forced at a 
high velocity (~ 100 ft/sec) through both air channels without recycling. 
This once through high velocity flow design enabled a fast cooling or 
heating control response on air temperature (~ 100 C/min.). This also 
lowered the air film heat transfer resistance at the aluminum support plate 
surfaces. Air temperature in both channels was independently controlled 
to ± 2 C. The polyethylene sample cooling and heating rates were limited 
by the thermal resistance of the polymer sample and the air film boundary. 
Maximum heating and cooling rates at the centerline of the polyethylene 
sample were measured to be approximately 1 C/min. during a sample phase 
o 
change and 18 C/min. otherwise. See Figure 6 for the TGC cooling char-
acteristic during quench crystallization. 
After the polyethylene sheet samples were installed in the TGC, the 
samples were heated to 170 C and maintained at this temperature for a min-
imum time of one hour. The air temperature was then decreased to a value 
below the polyethylene's crystallization temperature. This simulated iso-
thermal crystallization techniques. For other samples, the air temperature 
was continuously reduced from 170 C to simulate air quench crystallization 















Figure 6. Time-Temperature Profiles of Quenched Crystallized Bulk 
Polyethylene [Curves: 1) Polyethylene 1600 microns 
from top surface, 2) Polyethylene 750 microns from top 
surface, 3) Polyethylene at the aluminum support surface] 
31 
the small amount of flash material on the sample's periphery was removed. 
All samples having noticeable defects were discarded. 
Sample Deformation by Cold Drawing 
All polyethylene tensile samples were deformed at 60 C by uniaxial 
extension, i.e., cold drawn. An Instron, model TT-C, having a 10,000 
pound force capacity equipped with an environmental test chamber was used 
for this tack. The 60 C temperature of deformation was selected because 
it had been previously shown that MARLEX-HDPE rods could be cold drawn at 
this temperature. 
Because of the large sample size and the large shear forces forming 
during deformation, special heavy duty steel grips with serated surfaces 
were built and used to hold the test samples securely without slip during 
the cold drawing operation. 
All test samples prior to deformation had gauge dimensions of 
2.5" X 2" X 0.22 ± 0.005". After being conditioned at 60°C for a minimum 
of eight hours in the Instron environmental chamber to insure isothermal 
conditions, the samples were deformed at an extension rate of one inch 
per minute (40%/minute). Depending upon the sample's crystallization 
history, the deformation response was either brittle or ductile. 
Cryogenic Microtoming 
Parts of the undeformed and deformed polyethylene bulk tensile 
samples were sectioned for microscopic observations by using a Porter-Blum 
ultramicrotome, model MT-2B. To minimize sample structural damage and 
the introduction of artifacts, low temperature microtoming conditions 
• A 3 were required. 
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Before microtoming, parts of the bulk samples were cut with a jig 
saw into 1/4 inch cubes to provide surfaces parallel and normal to the 
sample centerline. These blocks provided the geometry needed to view the 
polyethylene morphology from two directions, normal and parallel to the 
stress axis. Views from these directions are referred to as the end and 
the side or top views, respectively. See Figure 4. These small blocks 
were then embedded in a soft epoxy resin using empty gelatin capsules as 
molds. The epoxy resin was cured at room temperature. 
The embedded blocks were mounted in the chuck of the microtome be-
fore being rough trimmed with a sharp steel knife or single edge razor 
blade. Rough trimming was done in accordance with standard thin sectioning 
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procedures. 
Precision trimming of the embedded block was done by the glass knife 
of the ultramicrotome. Glass knives were prepared from 1/4 inch glass 
sheets by the "free break" method and mounted at a 6 knife angle. 
Precision trimming was done so that the final thin sectioning would be 
on a polyethylene surface of approximately 2 x 4 mm. 
Before final thin sectioning, the microtome chuck containing the 
precision trimmed block was removed from the ultramicrotome and placed in 
a liquid nitrogen bath at 80 K for ten minutes. After this time period, 
the cold chuck with block was quickly remounted in the ultramicrotome and 
six thin sections each of approximately five microns thickness were made 
from the head of the polyethylene block. The last thin section was col-
lected and mounted with Permount between glass microslides for later 
observation by the light microscope. The polymer head was saved for etch-
ing and eventual observation by the scanning electron microscope. 
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By placing a chromel-constantan thermocouple in an epoxy block, 
the temperature increase occurring in the block in the average time in-
terval between when the chuck was removed from the nitrogen bath and when 
the last thin section was microtomed from the head (~ 3 minutes) was mea-
sured. This measurement indicated that the polyethylene head temperature 
was about -80 C when the last thin section was microtomed. This tempera-
ture is below the linear polyethylene glass transition temperature, 
-30 C, and therefore relatively undeformed sections and heads were ob-
tained by using this cryogenic microtoming technique. These thin sections 
were only compressed to 877o of their original length. In contrast, micro-
toming at room remperature conditions was completely unacceptable because 
the thin sections made were compressed to approximately 30% of their 
original lengths. 
Densitometry 
The densities of all polyethylene samples, i.e., the microtomed thin 
sections, bulk crystallized sheet samples, and DSC crystallized films, 
were measured using a density gradient technique, ASTM test method D1505-68, 
This method is based on observing the level to which a test specimen sinks 
in a liquid column having a density gradient, in comparison with the levels 
of standard floats of known densities. This method has been used with ex-
, , 33,82,103 
cellent success in past studies on polyethylene. 
The gradient column and standard density floats were purchased from 
the Scientific Glass Apparatus Co., Bloomfield, N. J. The 1.3 meter long 
column contained one liter of usable volume and had one millimeter gradua-
tions in the length dimension. The liquids used to fill the column, 540 cc 
34 
of water (p = l.Og/cc) and 720 cc of isopropanol (p - 0.79 g/cc), were 
added at a combined rate of 12 cc/min. by the continuous filling method 
described in ASTM test method D1505-68. By using this method, a linear 
fluid density gradient profile was obtained throughout the column. The 
standard floats placed in the column fluid had densities of 0.9000, 
0.9300, 0.9499, 0.9700, and 0.9750 g/cm3 at 23°C. 
Using the above system operating at 24 C and after the polymer test 
samples had been placed in the column for a minimum of five hours to reach 
equilibrium, position measurements to the nearest millimeter were made 
and compared to the density gradient profile. In this manner, polyethy-
lene sample densities could be measured to 1 0.0005 g/cc. 
Calorimetry 
Polyethylene dynamic crystallization kinetic studies and sample 
crystallinity measurements were made on a Perkin-Elmer differential scan-
ning calorimeter (DSC), model IB. Previous investigators have used this 
instrument to obtain polyethylene thermodynamic data ' and crystalliza-
tion kinetic information. 
Essentially, the DSC measures the energy flow rate into or out of 
a small sample, as the sample is heated or cooled at a specific rate (scan 
rate). The energy flow rate can be measured against time and sample tem-
perature to provide a thermogram. From the size and shape of thermogram 
curves, thermodynamic properties can be determined. 
In this study, thermogram curves were obtained by placing the DSC 
output into the ordinate readout of a Hewlett-Packard, Model 7001AR, or 
Honeywell, Model 520, x-y recorder in the abscissa time mode. The DSC 
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calorimeter was calibrated at a sample scan rate of 10 C/min and sensi-
tivity of 16 meal/sec by melting ~ 5 mg urea samples. Urea was selected 
as a standard because of its purity, stability, and close proximity of 
melt temperature, 406 K, and heat of fusion, 57.8 cal/g, to that of per-
fect polyethylene single crystals, 413 K and 68.4 cal/g. 
Two types of polyethylene samples were studied with the DSC, those 
taken from bulk samples, and those taken from films. All samples were 
weighed to ± 0.01 mg with a Cahn electrobalance, model RG. To obtain the 
best possible DSC response characteristic, all samples weighed between 4 
and 9 mg. The DSC bulk samples were prepared from thin crosssections ap-
proximately 2 x 5.6 x 0.5 mm, taken from the drawn or undrawn center re-
gions of the ductile or brittle bulk samples. These samples were heated 
at 10 C/min to obtain melting endotherms. 
Thin films (~ 270 microns thick) were prepared by melting HDPE fluff 
in a vacuum oven between glass plates held in compression. Quarter inch 
diameter disks were punched out of these films and used for DSC studies 
on bulk dynamic crystallization kinetics. 
Surface Etching 
Polyethylene samples have been treated at high temperatures with 
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solvent vapors and nitric acid. ' These treatment techniques are 
unacceptable as surface etching processes because they drastically oxidize 
6 ̂  
or swell the polymer structure. These etching techniques do not reveal 
morphological features without introducing gross artifacts. 
Armond and Atkinson followed by others ' ' ' have used a chromic 
acid surface etching technique to reveal the micros truetures of polypropyl-
ene bulk samples. They found that the less ordered regions of the 
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polypropylene surface structure are attacked preferentially at a slower 
rate and that the oxidation reaction was confined by diffusion limitations 
to a thin surface layer. After etching, previously hidden features of 
the structure were observed by a scanning electron microscope. 
A similar chromic acid etching technique was developed by the author 
to treat the microtomed surfaces located on the heads of the drawn and un-
drawn bulk crystallized high density polyethylene samples formed in this 
study. After etching detailed structural features of the internal mor-
phology could be observed by using a scanning electron microscope. 
The acid etchant used was a 6 molar aqueous solution of chromium 
trioxide. The heated etching solution was constantly stirred and blanketed 
by an air purge in order to saturate the solution with atmospheric oxygen. 
A reflux condenser was used to eliminate water from the air purge leaving 
the etching bath. The bath temperature was controlled between 60 and 85 C 
to tolerances of ± 2 C. Sample treatment ranged from 67 to 900 hours. 
Polypropylene (MARLEX HGZ-050-02) and high density polyethylene 
(MARLEX 6050) film samples and the polyethylene heads obtained by cryogenic 
microtoming of bulk samples were submerged into the etchant bath with 
glass tubing. Various combinations of treatment times and etchant temper-




The five micron thin sections microtomed from the deformed high 
density polyethylene bulk samples were observed at 75 or 450X magnifications 
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by using a Bausch and Lomb, model LR-2, polarizing microscope with light 
polarizers crossed. Light microphotographs were taken by a Canon 35mm 
camera, model FT-QL, loaded with Kodak Plus-X film. 
Scanning Electron Microscopy 
The chromic acid etched polyethylene heads formed from the micro-
toming process were coated with 50 A of carbon and 400 A of gold-paladium 
before being examined by a Cambridge scanning electron microscope (SEM) . 
The SEM was operated at 15,000 volts at a sample magnification of 50 to 
10,000X. The electron beam was at 45 to the sample surface. Sample 
structural alterations or damage from an electron beam has previously 
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been reported, ' " but no sample changes were observed at the SEM condi-
tions used in this study. Scanning electron microphotographs were taken 
with Polaroid PN-55 film. 
Photomicrographs 
All photomicrographs in this study show a low magnification side 
or end view of a bulk crystallized and cold drawn sample. In each photo-
graph, the top of the sample, i.e., one of the two sample sides in contact 
with the aluminum support plates during crystallization, serves as a refer-
ence plane and distances into and toward the sample centerline from this 
reference are marked in 100 micron increments. For the drawn samples, 
this distance was normalized to have all structure points within the 
drawn sample relative to their position in an undrawn state, i.e., the 
distance increment is divided by the square root of the bulk sample draw 
ratio. Higher magnification photomicrographs taken from selected sample 
regions which are indicated by arrows in the low magnification photograph 
are shown to the right of the figure or on the following figure. 
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Two scale bars, vertical and horizontal, are shown on each photo-
micrograph. For the polarized light micrographs, these scale bars compen-
sate for magnification differences due to the anisotropic microtoming 
distortion of the thin sample section. For the scanning electron micro-
graphs, these scale bars compensate for magnification differences intro-




EXPERIMENTAL RESULTS AND DISCUSSION 
Surface Etching 
Rates of HDPE surface etching with 6M chromic trioxide solution 
were low and comparable with the etching rates for polypropylene treated 
at the same conditions. Figure 7 indicates that normalized etching rates 
for HDPE are linear except after extended treatment at relatively high 
temperatures. At these extreme conditions (curve 4), the actual surface 
area reacting was greater than the initial surface area; therefore, area 
normalization was inaccurate and produced a false indication of an expo-
nentially increasing etching rate. The calculated surface etching rate 
for HDPE treated at 65°C, curve 2, is 250 )/hr; for PP at 65°C, curve 1, 
the rate is 65 A/hr. The data given by Armond and Atkinson on etching 
PP at 70 C (curve 3 of Figure 7) gives a calculated etching rate of 890 
A/hr. 
Using a Perkin-Elmer model 700 spectrophotometer, the infrared 
spectra on 19 mil HDPE etched and unetched films were made, see Figure 8. 
The etched films have enhanced absorbance at a 5.8 micron wavelength. 
This indicates an increase in the concentration of carboxyl groups on the 
polyethylene surface with increasing etching treatment. Therefore the 
mechanism of the etching reaction must be an oxidation of the polyethylene 
by reduction of the chromic acid. Chromium ions are known to be catalysts 
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Figure 7„ Chromic Acid Etching of Polyethylene and Polypropyle urves: 
Polypropylene at 65°C; 2) Polyethylene at 65°C; 3) ropylen 
70°C; 4) Polyethylene at 85°C. Six molar chromic a ueous e 
solution was used.] 
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Figure 8. Infrared Spectra of Polyethylene Films [Curves: 1) 
Unetched film; 2) Film etched for 150 hr in 6M chromic 
acid at 85°C; 3) Film etched for 245 hr in 6M chromic 
acid at 85°C. Increased absorption occurs at 5.8 mi-
crons for longer etching times.] 
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to the polymer surface region, because only a slight increase in HDPE 
film density occurs after an extreme etching treatment for 700 hours at 
85°C (0.96 to 0.99 g/cc). Also, the HDPE film mechanical properties and 
heats of melting were not noticeably altered by etching. 
The etching reaction is limited to the polymer surface and the 
etching rates of polyethylene and polypropylene are approximately equiva-
lent. This indicates that the rate controlling step may be chromic acid 
diffusion onto the polymer reaction site rather than the subsequent redox 
reactions. If this be the case, the less crystalline portions of the 
polymer structure and the regions containing excess surface area, e.g. 
crack or voids where diffusion is more rapid, were etched faster than crys-
talline regions. This produced structural contrast on the polyethylene 
surfaces. Such enhancement is particularly desirable for morphological 
studies of bulk HDPE when using the scanning electron microscope to ob-
serve the surfaces of microtomed bulk samples. 
To determine the optimum etching conditions for HDPE surface 
structure enhancement, a series of bulk sample microtomed heads, sectioned 
for the side view, were treated at 60 or 65 C for different time periods 
up to 900 hours and observed using the scanning electron microscope. 
Higher treatment temperatures were not used because of the possible intro-
duction of thermally induced polymer structural changes. Low magnifica-
tion photomicrographs of some of these surfaces are shown in Figure 9. 
Higher magnifications are shown in Figure 10. Although the unetched sam-
ple of Figure 9A shows a large amount of surface distortion introduced by 
microtoming, a faint outline of the ringed spherulite structures appears 
on the unetched surface. This structure outline probably appears due to 
Figure 9. SEM of Sample Surfaces Etched with 6M Chromic Ac 0 C 
[A. unetched Sample; B. 67 hr treatment; C. 310 tment 
D. 900 hr treatment] 
44 
B 
Figure 10. SEM High Magnifications of Etched Sample Surfaces 
Shown in Figure 9 
45 
a release of internal stresses after microtoming. The etching treat-
ment removes the polymer material distorted during microtoming and dis-
closes the subsurface composed of spherulites having ring structures 
formed by lamellae radiating from the spherulite centers. Over-etching 
is revealed by the formation of pitted surfaces as shown by Figures 9C 
and 9D. Optimum etching results were accomplished after surface treatment 
for 60 to 120 hours with 6M chromic acid solution at 60 or 65 C. 
Bulk Deformation 
General Comments 
MARLEX 6050 HDPE bulk samples were crystallized in the thermal 
gradient crystallizer (TGC) at temperatures of 115, 119, and 125°C. Most 
of these samples were mechanically weak and broke at about 40% elongation 
when extended at 60 C. In contrast, the quenched or dynamically crystal-
lized bulk samples when drawn usually did not break but showed ductile 
deformation by tearing or uniform necking with subsequent elongation to a 
8.0 draw ratio. The quenched bulk samples that did break contained macro-
scopic voids introduced during sheet forming operations and they are not 
indicative of the true sample deformation mode. Figure 11 shows typical 
force-elongation curves for the three modes of bulk deformation observed: 
brittle failure, ductile cold drawing and necking, and ductile tearing. 
Figure 12 shows photomacrographs of the drawn samples. Data on bulk 
sample deformation, undrawn sample heats of melting, and densities are 
summarized in Table 2. 
Both bulk sample density and heat of melting data show that the 
















Strain, Percent Elongation 
Figure 11. Engineering Stress-Strain Curves of Polyethylene Bulk Samples 
in Uniaxial Extension at 60°C [Curves: 1) Brittle Break 
Sample; 2) Ductile Neck Sample; 3) Ductile Tear Sample. 
Initial gauge dimensions were 0.56 x 5.1 x 6.4 centimeters. 





Figure 12. Macrographs of Drawn Bulk Samples [A. Brittle 
sample; B. Tear sample; C. Ductile draw sample, 
Dark regions show areas of stress whitening.] 
Table 2. Bulk Sample Crystallization Conditioning and Uniaxial Deformation Perfor 
Time at 
Isothermal Isothermal 
Sample Crystallization Conditions Type of 
No. Temperature (°C) (min) . Deformation 
Average Heat of 
Bulk Draw Crystallization of 
Ratio in Undrawn sample 
Neck Region (cal/g) 
480 Brittle Break 
68 Ductile Tear 
200 Brittle Break 
22 Brittle Break 
200 Brittle Break* 
22 Ductile Tear 
68 Brittle Break 
Air Quenched from Melt Temp Ductile Neck 





































Table 2. Continued 
51 Air Quenched from Melt Temp Ductile Tear 
to Room Temp 
52 " " Ductile Tear 44.6 
t 
The Bulk Draw ratio is the ratio of initial to final drawn cross-sectional area in 
developed neck. 
Obtained from Differential Scanning Calorimeter. Average of four samples. 
^Sample contained a macrovoid at break surface. 
**0.1 g sample size taken from undrawn region. Average of three samples. 
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Ductile samples had crystallinities ranging between 71 and 78% when cal-
culated from bulk densities and between 56 and 66% when calculated from 
bulk sample heats of melting. In comparison, the brittle samples had 
crystallinities between 84 and 93% and between 69 and 78% by density 
and heats of melting measurements, respectively. 
In the crystallinity calculation, the density at 24 C and heat of 
melting for perfectly crystalline polyethylene, p o/.or\ anc* ^ ° ' w e r e 
/ 44 / 112 
taken as 1.001 g/cc and 68 cal/g, " respectively. The density for per-
amo 
65 
rphous polyethylene, p , 0 , , was taken as 0.852 g/cc, the equa-
tions for determining bulk sample degree of crystallinity, X are: 
y P b " 
o 
Pa 




b AH ° 
(1) 
(2) 
Observations on Brittle Sample Structures 
Photomicrographs taken with a polarizing microscope of the side 
view thin sections microtomed from the brittle samples showed that the 
bulk superstructure is composed of coarse spherulites, see Figure 13. 
These spherulites have impinged upon one another and are approximately 
60 (ji in diameter. The boundaries between spherulites are not well defined 
Lamellae radiate from the spherulite centers, but because of an absence 
of a uniform birefrigence effect which forms alternating dark and light 
rings, individual lamellar groups apparently are not twisting in large 
concert with their neighbors. 
51 
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Figure 13. Transmission Light Micro-
graph of a Brittle HDPE Sample [4 p, 
thick section taken from the side 
view of the bulk sample. Crossed 
polarizers.] 
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Photomicrographs taken with the scanning electron microscope on 
the microtomed and etched head surfaces having side views of the structure 
also revealed that coarse spherulites form the brittle sample's bulk 
superstructure. Figure 14 shows a typical view of an undrawn brittle 
type sample. In each spherulite, groups of lamellae splay away from the 
spherulite center in an uncoordinated fashion. Also many deep cracks ap-
proximately l/2 \x wide and over 50 |i long are present on the surfaces. 
These cracks and other smaller cracks have been enhanced by chromic acid 
etching. They are distributed randomly throughout the surface and appear 
to have no order with respect to the spherulite superstructure. 
In summary, the brittle samples have superstructures composed of 
coarse spherulites and large cracks. Sample failure probably is due to 
the presence of these cracks and the inability of the superstructure to 
resist rapid growth of these cracks during uniaxial extension. 
Observations on Ductile Sample Structures 
Macro-observations. The quenched or dynamically crystallized sam-
ples necked and drew when uniaxially strained at 60 C. During straining, 
if any large macrovoid formed from air entrapment was present in a quenched 
crystallized tensile sample, then these samples tore or experienced unsym-
metric drawing at the macrovoid stress concentration point. Quenched 
tensile samples without macrovoids showed very uniform and symmetric 
macroscale necking during straining. Figure 15 shows the bulk draw ratio 
profile of the drawn sample shown in Figure 12C. The bulk draw ratio, BDR, 
is the ratio of undrawn sample cross-sectional area to the drawn sample 
cross-sectional area. 
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Figure 14. SEM of a Brittle HDPE Sample Surface [Surface 
was etched for 110 hr in 6M chromic acid at 
65°C. Side view of bulk sample.] 
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5 10 15 
Axial Distance, Centimeters 
20 
gure 15. Draw Profile of Ductile Polyethylene Sample After Uniaxial Draw 
at 60°C [initial draw rate was 40% per minute. Initial gauge 
dimensions were 0.56 x 5.1 x 6.4 centimeters.] 
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The sample section which shows a sudden increase in BDR is referred 
to as the neck zone. For the sample shown in Figure 12C, two neck zones 
existed at axial distances from 3 to 8 cm and 13 to 18 cm. The center 
section of the drawn sample, 8 to 13 cm, had a fibrillar structure, while 
the two outer pre-neck regions had spherulitic structures. Within the 
two-neck zones, a spherulitic to fibrillar structure transformation oc-
curred. Note that stress whitening, which appears dark in the photographs, 
developed in the neck zones. Stress whitening or stress crazing is be-
lieved to be the result of small cracks forming in the sample superstruc-
ture during drawing. This increases light scattering from the sample. 
By defining bulk sample thickness and width compression ratios as 
the ratios of initial to drawn thickness dimensions and initial to drawn 
width dimensions, respectively, and plotting these values against equiva-
lent BDR, it was observed that sample thickness compression exceeds width 
compression at BDR values of approximately 4.5, see Figure 16. This in-
dicates that large non-affine deformation was occurring in the bulk sam-
ple at this point, i.e., the spherulites in the sample superstructure 
probably were not deforming uniformly with respect to their internal posi-
tion within the bulk structure. This gross inhomogeneous deformation 
probably causes separation by macro-slipping of spherulites. 
Micro-observations in the Pre-neck Region. In the sample pre-neck 
region which underwent almost no permanent deformation, the BDR was only 
slightly greater than one. This part of the drawn sample is referred to 
as the 1.0 BDR region. When side views of the quenched crystallized 1.0 
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Figure 16. Dimensional Changes During Cold Drawing at 60°C 
[Curves: 1) Width Compression and 2) Thickness 
Compression] 
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electron microscopes, a structural gradient was observed. Figures 17 and 
18, light and scanning electron photomicrographs, show a surface to center-
line gradient of: 1) a transcrystalline surface structure, zero to 50 
microns, 2) a ring spherulite structure zone where ring spacing increases 
with increasing sample depth, 50 to 900 microns, 3) a spherulite structure 
zone having incomplete rings, 900 to 1400 microns, and 4) a spherulite 
structure zone with no rings, 1400 microns to the sample centerline, 2850 
microns. The quenched bulk sample structures were symmetric about their 
thickness centerline. This structural gradient was formed during the 
quenched crystallization process and was due to an increase in the overall 
heat transfer resistance as the melt crystallized from the surface toward 
the sample centerline. Polymer melt at the surface crystallized much 
faster and at a lower temperature than melt positioned within the sample. 
At the sample surfaces, a high crystallization rate coupled with a 
large number of primary nucleation sites produced a transcrystalline 
structure. The larger number of primary nucleation sites was due to 
heterogeneities introduced at the surface by the tetrafluoroethylene re-
lease agent sprayed onto the crystallizer's aluminum support plates. 
27 
Fitchman and Newman have noted similar transcrystalline surface struc-
tures when isotactic polypropylene was melt crystallized against a Teflon 
surface. During transcrystallization, when so many nucleation sites are 
crowded together at one plane, lamellar growth from these sites in the 
lateral direction is inhibited and almost all growth is in the transverse 
direction into the bulk sample. Because of the rapid crystallization rate 
in this region, crystallinity is low and the lamellae formed are small 
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Figure 17. Transmission Light Micro-
graph of a HDPE Sample in the 1.0 
Bulk Draw Ration Region [4 \± thick 
section taken from the side view of 
the bulk sample. Crossed polarizers.] 
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Figure 18. SEM of a HDPE Sample Surface in the 1.0 Bulk Draw Ratio 
Region [Surface was etched for 108 hr in 6M chromic acid 
at 65°C. Side view of bulk sample.] 
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in lateral width. As shown in the scanning electron photomicrographs, 
the transcrystalline region is cracked due to a high chromic acid etching 
rate in this low crystallinity region. Schonhorn has also observed 
that polyethylene surfaces when melt crystallized against polytetrafluoro-
ethylene had low crystallinities. 
In the ringed spherulite structure zone, ring spacing increases 
with increasing penetration into the sample. This effect was observed in 
both the polarized light and scanning electron photomicrographs. In the 
light photomicrographs, rings are due to birefringence extinction as 
30 lamellae twist in concert. However, the rings in the scanning electron 
photomicrographs are due to regular, circular surface relief features ex-
64 
posed by the surface etching process. Lindenmeyer and Holland observed 
that, for thin MARLEX 6050 HDPE films, ring spacing increased with de-
creasing lamellar growth, i.e., a slower crystallization rate. Thus, the 
decrease in bulk crystallization rate with increasing penetration into the 
sample can be related to an increase in spherulite ring spacing. 
Using the differential scanning calorimeter (DSC), 270 micron thick 
MARLEX 6050 HDPE films were crystallized from the melt at known cooling 
rates. These films were microtomed for thin cross sections. From obser-
vations of these thin sections with a polarizing microscope, spherulite 
ring spacings were measured and related to the DSC cooling or crystalliza-
tion rate. Figure 19 compares ring spacing measurements made from the 
quenched crystallized bulk samples and ring spacing measurements made 
from the DSC crystallized film samples. Analysis of this comparison shows 
that the surface of the bulk crystallized samples experienced rapid cooling 
rates while the polymer crystallized below the surface was cooled slower. 
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Figure 19. Spherulite Extinction Ring Spacing [Curves: 1) DSC Dynamica rystall 
2) Air Quenched Crystallized Bulk Samples] 
62 
Apparently, a spherulite structure with complete rings cannot form at 
cooling rates less than 1 C/min. This cooling rate occurs at approxi-
mately one millimeter from the quenched sample surface. 
In the sample region between 900 and 1400 microns from the top 
surface, spherulites with incomplete ring structures were formed. The 
ring spacing in this region was larger, and it appears that lamellae are 
unable to maintain a close concert of twist. At the lower portion of this 
region, spherulite structures having a splayed construction were formed. 
These spherulites have a similar structural appearance to those found in 
the brittle bulk samples formed by isothermal crystallization. 
Close examination of both light and scanning electron photomicro-
graphs of the structure of the 1.0 BDR samples revealed that the average 
diameter of spherulites found in any region, top to center line, is approxi-
mately constant. This fact can be explained only by meeting all of the 
following conditions: 1) the number of primary nucleation sites for 
crystallization was the same throughout the bulk structure, i.e., the 
melt contained pre-existing nuclei, 2) lamellar growth from each primary 
nucleation site in any one region was started at approximately the same 
time, 3) the primary lamellar growth rate at each site in a region at any 
time was approximately constant, and 4) if lamellae growing from neighbor-
ing spherulites approach one another prematurely, then these spherulites 
separated in the melt in such a way as to maintain their growth. Thus, 
as a close approximation, a structure of perfectly packed uniform size 
spherulite exists when the growing spherulites first impinge with one 
another. Of course, after initial impingement some lamellae of the 
63 
spherulites continued to grow into the melt still existing between spheru-
lites. This continuation of lamellar growth after initial impingement 
will be called post primary crystallization so it can be distinguished 
from secondary crystallization. 
When a plane is passed through a body composed of uniform size 
spheres, the plane formed will contain circles having diameters equal to 
or less than the diameter of the spheres. If a line of given length is 
randomly placed on this plane and its mean intercept length with the 
circles on the surface is measured, L, then the diameter of the spheres, 
d, in the three dimensional body can be calculated by the relation : 
d = | L (3) 
In this work, a modified relation was used to compensate for the micro-
toming distortion introduced into the polyethylene thin sections. Thus 
the approximate diameter of the spherulites at impingement, d., was cal-
culated by: 
di =! v / f (4) 
where L// is the mean intercept length of lines placed parallel to the 
sample top surface and f is the microtoming distortion factor, 0.87. 
Also because of continued lamellar growth during the post primary 
crystallization period, some lamellae extend to lengths greater than that 
formed when the spherulites impinged. Therefore, the largest intercept 
lengths measured would correlate to spherulite boundaries formed from the 
64 
most extended lamellae. This maximum intercept length, L / / , would be 
1 ° ' //max 
equal to the spherulite impingement diameter multiplied by a geometrical 
factor, cos 30 . Figure 3 shows this geometrical relationship of perfectly 
packed spherulites. This relation was also used to calculate the spheru-
lite impingement diameter, d., from the maximum intercept length: 
d. = f ^ p . \ / y (5) 
These two independent relationships, equations (4) and (5), were 
used to estimate the spherulite diameter in several regions in a typical, 
quenched bulk sample (see Table 3). The spherulite impingement diameter 
in the bulk structure was found to be approximately constant at 60 microns. 
From this result, the number of primary nucleation sites per unit 
volume of melt, v, was calculated from the volume, V, occupied by perfectly 
I A U 1 1 0 

















For 60 micron diameter spherulites, the number of active heterogeneous nu-
6 o 
cleation sites for the quenched melt was calculated as 6.5 x 10 /cm . 
This information was used to characterize the bulk structures observed in 
photomicrographs and the melt crystallization kinetics. 
The polarized light photomicrographs of Figure 20 show a side view 
of the bulk sample in the pre-neck vicinity where only a small amount of 
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Average Diameter 62 \i 65 
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Corrected for Distortion produced by microtoming (see page 
Observation of small intercept lengths was difficult due to def 
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Figure 20. Transmission Light Mi-
crograph of a HDPE Sample in the 
1.2 Bulk Draw Ratio Region [4 |i 
thick section taken from the side 




permanent deformation has occurred. This sample region has a 1.2 BDR. 
Examination of these photomicrographs showed that, in this region, the 
spherulite ring structures were beginning to slide past one another and 
collapse laterally to become slightly ellipsoid in shape. The long axis 
was oriented parallel to the draw direction. 
Micro-observations in the Neck Zone. In the ring spherulite struc-
ture region, 0 to 1300 microns from the sample surface, the local spheru-
lite draw ratios were determined from ring spacing measurements taken from 
light photomicrographs. Ring spacing measurements parallel and normal to 
the draw axis were corrected for the microtoming distortion introduced 
during sectioning. The ratio of the parallel to normal ring spacing mea-
surements for a single spherulite when taken to the two-thirds power repre-
sents the local draw ratio if affine deformation was occurring. These 
deformation calculations for the spherulite ring structure region at sam-
ple points in the 1.0, 1.2, 1.5, 1.75, 3.0, and 4.0 BDR vicinities are 
listed in Table 4. These calculations show that the local draw deformation 
of single spherulites in the ring spherulite structure region was variable 
from spherulite to spherulite but always less than the overall bulk de-
formation. Therefore, deformation in the center portion of the bulk sam-
ple, i.e., the splayed spherulite structure region, was greater than the 
overall bulk deformation. Apparently sample deformation was not uniform 
with respect to the sample thickness direction. A local draw ratio gra-
dient exists through the bulk sample due to the superstructure variation 
in the thickness direction. Relative to one another, spherulites also 
appear to be sliding in the draw direction, i.e., a strain profile exists 
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810 6.00 5.00 .87 5. .75 
1080 8.00 5.00 .87 6. .75 
225 3.08 2.00 .90 2. .2 
450 4.00 2.00 .87 3. .3 
610 4.00 2.40 .87 3. .75 
920 7.00 4.00 .87 6. .6 
305 8.00 2.00 .87 6. .3 
490 7.00 2.00 .87 6. .3 
DD - Draw Direction 
LD - Normal to Draw Direction 
^Corrected for thin section distortion during microtoming (see page 33). 
**Draw Ratio calculated assuming affine deformation, 
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In the neck zone, from a 1.5 to 8.0 BDR, a rapid decrease in the 
bulk sample's cross-sectional dimensions occurred and the structure was 
transformed from spherulitic to fibillar. The spherulites with ring 
structures were easily measured for local microdraw deformation. However, 
the local microdraw deformation in the splayed spherulite structures was 
not determined because these structures do not have discernible rings or 
definite boundaries that can be easily distinguished from either light or 
scanning electron microscopic observations. 
Figures 21 and 22 show light photomicrographs taken from side views 
of the bulk structure at the 1.75 and 3.0 BDR regions, respectively. 
Again the bulk structure gradient in the thickness direction can be ob-
served easily. Spherulites are continuing to elongate by shear deforma-
tion in the draw direction and are becoming ellipsoidally shaped. Ring 
spacing measurements indicate that local microdraw deformation was not 
uniform from spherulite to spherulite or even within a single spherulite 
and that the ring spherulite structures were on the average not deforming 
as rapidly as the overall bulk sample (see Table 4). Although microvoid 
formation has been observed in cold drawn samples of HDPE thin films ' ' 
91 75 
and high pressure crystallized rods, no voids in the spherulite super-
structures were observed by light microscopic examination of the bulk 
samples at the 1.75 and 3.0 BDR regions. 
Scanning electron photomicrographs of etched, side-view bulk sur-
faces at the 3.0 and 4.0 BDR regions are shown in Figures 23 and 24, re-
spectively. The bulk spherulite structure gradient is easily observed, 
but the microcracks between and through spherulites of the type previously 
detected from light microscopic observations of drawn thin films * are 
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Figure 21. Transmission Light Micro-
graph of a HDPE Sample in the 1.75 
Bulk Draw Ratio Region [4 (j, thick 
section taken from the side view of 






Figure 22. Transmission Light Micro-
graph of a HDPE Sample in the 3.0 
Bulk Draw Ratio Region [4 p, thick 
section taken from the side view of 
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Figure 23. SEM of a HDPE Sample Surface in the 3.0 Bulk Draw Ratio 
Region [Surface was etched for 108 hr in 6M chromic acid 
at 65°C. Side view of bulk sample.] 
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B 
Figure 24. SEM of a HDPE Sample Surface in the 4.0 Bulk Draw Ratio 
Region [Surface was etched for 310 hr in 6M chromic acid 
at 60°C. Side view of bulk sample.] 
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apparently not present. However, a multitude of small openings are 
present which separate pockets of lamellar bundles radiating from the 
spherulite centers. These openings are probably formed during the etch-
ing process from the removal of the less crystalline material that col-
lects between lamellar bundles during crystallization. 
Figure 24 shows a sample surface at the 4.0 BDR region after ex-
tensive chromic acid etching. This sample was etched for 310 hours, three 
times the normal treatment. Voids are present in the sample center sec-
tion, i.e., in the splayed spherulite region. These voids are greatly 
elongated in the draw direction. Structure transformation is more pro-
nounced near the centerline than near the surface. At the centerline, 
drawn spherulites appear to split into individual sections separated by 
elongated voids. Thus, cold draw deformation with formation of a stri-
ated structure starts at the centerline region with deformation decreasing 
toward the bulk sample surfaces. Apparently the splayed spherulites 
formed by slow crystallization in the interior region are more easily de-
formed during cold drawing than are the ringed spherulite structures 
formed by more rapid crystallization in the bulk sample exterior regions. 
Because of the geometry of the neck region in the drawn tensile 
samples, a greater proportion of the stress during elongation was prob-
ably transmitted through the sample's interior regions. Because of this 
stress distribution, the internal splayed spherulite superstructures 
underwent a strain rate which was larger than the ringed spherulite super-
structures found in the sample's exterior regions. Also, these splayed 
spherulites probably contained fewer molecular tie groups, which give 
structural strength, than the ringed spherulites. This combination of 
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high strain and weak superstructure probably produced the larger deforma-
tion of the quenched crystallized sample's interior regions. Also during 
elongation, the stronger and less strained ringed spherulite structures 
found externally probably acted as a supporting jacket to prevent brittle 
fracture of the internal superstructure. 
Densitometry 
Bulk Sample Macrostructure 
Densities of the isothermally and quenched bulk crystallized sam-
ples before cold draw deformation are given in Table 2. The isothermally 
crystallized samples, which showed brittle fracture when strained, have 
higher densities than the dynamically or quenched crystallized samples 
which showed ductile deformation when extended. The higher densities of 
the isothermal samples reflect a higher degree of molecular order in the 
superstructure. Along with an increase in molecular order, apparently 
the number of tie molecules in the sample superstructure has decreased 
and thereby lowered the isothermally crystallized bulk sample's resistance 
to brittle fracture. In contrast, the quench crystallized samples have 
less molecular order than the isothermal samples as measured by densities. 
Apparently the quenched HDPE has a larger number of tie links than the 
isothermal HDPE. Secondary crystallization has been restricted in the 
quenched bulk samples; this may be the cause of lower order and increased 
tie links. During quench crystallization, the polyethylene samples are 
not exposed for extended time periods to high temperatures after primary 
crystallization. Because of this, secondary crystallization is not as 
complete in the quenched bulk samples as in the isothermally crystallized 
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samples. 
Densities of isothermal and quenched polyethylene are plotted 
versus heat of melting data measured by DSC in Figure 25 together with 
similar data for DSC dynamically crystallized film samples. To a first 
approximation densities and heat of melting are directly related to the 
degree of sample crystallinity and therefore the linear best fit of data 
44 
in Figure 25 was expected. Kavesh and Schultz have calculated from unit 
cell measurements by x-ray diffraction that the density of a perfectly 
crystalline polyethylene structure would be 1.001 g/cm at 24 C. By 
extrapolation to this density, the data of Figure 25 suggest that the 
heat of melting of perfectly crystalline linear polyethylene would be 
67.5 cal/g. This value is very similar to the values estimated by Mandel-
kern ' ' and Wunderlich, 70 and 68 cal/g, respectively, 
Ductile Sample Bulk Superstructure 
By cold sectioning the ductile polyethylene samples in thin sec-
tions from the sample top surface toward the sample thickness centerline, 
15 micron thick specimens representing the various bulk superstructures 
at different draw ratios and sample depths were obtained and measured for 
densities by using a density gradient column. Densities for a typical 
quenched and drawn bulk sample at the pre-neck and necked regions are 
shown in Figure 26. 
As expected, the density of the superstructures increased with in-
creasing depth into the bulk sample. This occurred because during quench-
ing the rates of crystallization decreased as freezing front penetrated 
from the sample surface toward the sample centerline. As shown by the 
density data in Figure 27, the more slowly crystallized structures are 
Density at 24°C, grams/cm" 
Figure 25. Heat of Melting vs Polyethylene Density [DSC Films, ata Po 
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Figure 27. Properties of Polyethylene Film Crystallized Using 
the Differential Scanning Calorimeter 
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more dense. Figure 26 shows that the densities of the drawn, ring 
spherulite superstructures at any depth position are approximately 0.0015 
g/cm less dense than the corresponding superstructure in the undrawn 
state. This indicates that microvoids, in a volume concentration of one 
part per 700 parts, have formed within the ring spherulite superstructures 
at the onset of spherulite deformation. This crazing at small draw ratios 
9 75 98 
has been noted previously for polyethylene ' and polypropylene. These 
microvoids presumably are responsible for the whitening of drawn samples 
in the pre-neck regions (darkening in Figure 12C) and represent the start 
of spherulite superstructure alignment in the draw direction. 
Calorimetry 
General Remarks 
- I T „• J- 5,36,64,78,79,92 ... in . In past crystallization studies, films, usually less 
than 25 microns in thickness, were crystallized isothermally on a hot stage 
microscope so that spherulite growth rates could be determined by direct 
visual observation. Of course this technique does not simulate the dy-
namic crystallization conditions usually experienced by thicker bulk poly-
ethylene. Also, because thin samples were used, surface crystallization 
effects were introduced. Therefore, results from these past studies 
probably poorly represent the usual crystallization process. 
The differential scanning calorimeter (DSC) is well suited for 
dynamic crystallization studies and was used in this work to simulate 
bulk crystallization conditions. Although the polyethylene samples used 
in the DSC were small, l/4 inch diameter film disks, the disk thickness, 
270 microns, was much larger than the 60 micron diameter spherulite 
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structures which formed in the bulk samples. By using this thickness DSC 
sample disk, excessive surface crystallization effects were largely elimi-
nated and the structures crystallized in the DSC sample disk were similar 
to the structures observed in the dynamically crystallized bulk samples. 
Figure 19 shows a comparison of DSC and bulk sample superstructure 
ring spacings. When the DSC sample disk thickness was reduced to smaller 
values, 120 or 60 microns, microscopic examination of thin sections of 
these disks revealed surface effects not characteristic of bulk struc-
tures, i.e., incomplete ringed spherulites and large amounts of trans-
crystalline structures. Therefore, by using the 270 micron thick DSC 
sample disks, primary crystallization in bulk was simulated and studied 
at fixed dynamic crystallization rates. The densities and heats of melt-
ing of the dynamically crystallized DSC sample disks are shown in Figure 
27. The values of these properties are comparable to those values of the 
bulk crystallized samples listed in Table 2 or shown in Figure 25. 
Lamellar Growth Rate During Bulk Crystallization 
The DSC was programmed to reduce sample temperature from the melt 
at a fixed rate, the scan rate, and the rate of energy absorbed by the 
sample during solidification was measured along with time and sample tem-
perature. The energy thermograms obtained from dynamic crystallization in 
the DSC were related to the lamellar growth rate through the following 
analysis. 
From quantitative examinations of bulk sample photomicrographs it 
was shown previously that dynamic crystallization of MARLEX 6050 HDPE 
melt occurred by a process in which almost all primary nucleation sites 
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form instantaneously and that three dimensional growth from each site in 
a local area is uniform. This approximates a bulk spherulite superstruc-
ture as being one of perfectly packed, equal diameter spheres. Using 
this model, the energy of crystallization was taken to be the energy ab-
sorbed by one spherulite multiplied by the total number of identical 
spherulites which simultaneously are forming and growing in the DSC sam-
ple. 
Figure 28 shows a typical DSC thermogram of a HDPE sample disk 
dynamically crystallized from the melt at 10°C/min. Point A indicates 
the start of measurable crystallization by spherulite growth. From the 
model standpoint, point B, the maximum rate of energy release, represents 
the start of all spherulites colliding or impinging upon one another. 
After this impingement, additional energy is absorbed by post primary 
crystallization of the melt located between the impinged spherulites. 
This energy, calculated from a packed sphere volume relationship, is ap-
proximately one third of the energy absorbed during primary crystalliza-
tion up to the time of spherulitic impingement, i.e., area ABEA is approxi-
mately three times as large as area EBCDE. Line AEDF, the DSC thermogram 
baseline, represents zero release of crystallization energy, i.e., no 
sample crystallization. Area DCFD represents the energy absorbed during 
secondary crystallization of the melt which remained between the crystal-
lized lamellae formed during primary crystallization. 
For three dimensional free growth of a single spherulite from a 
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Figure 28. Dynamic Crystallization DSC Thermogram 
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aH - p x p ^ d2 ad (8) 
where H, p , X, d, and 3 are, respectively, the enthalpy, crystal density, 
heat of crystallization, spherulite diameter, and volume fraction of the 
growing spherulite that is occupied by crystallized material. The change 
in a spherulite's diameter can be expressed as a function of the time of 
crystallization, 6, and the spherulite's radial growth rate, G. At the 
start of measurable crystallization, time is set equal to zero. 
ad = 2G ae + 2e aG (9) 
At the beginning of crystallization, the radial growth rate is approxi-
mately constant. Therefore at the start of crystallization, the second 
term of equation (9) is the product of two small values and, consequently, 
is small compared to the first term and can be neglected. Thus, equation 
(9) can be approximated by: 
aa =- 2G ae (io) 
and 
d =- 2G6 (11) 
Substitution of equations (10) and (11) into equation (8) gives an energy 
balance equation for the formation of a single spherulite: 
| | ~ 4TTPCM3GV (12) 
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The total number of spherulites in a DSC sample, N, is equal to the 
number of primary nucleation sites per unit volume, V, and the DSC sample 
weight, W, by the relation: 
N = — v (13) 
P. 
The number of nucleation sites was inversely proportional to the 
cube of the diameter of the growing spherulites at the moment of impinge-
ment, d. (see equation (7), page 64), Thus combining equation (7) with 
equation (13), the rate of energy absorption at the onset of primary crys-
tallization would be N times the energy absorbed by one spherulite or: 
| | = 18WA3G3eV3 (14) 
When spheres of equal diameter are perfectly packed, approximately 
75% of the total volume is occupied by the spheres. The remaining volume 
is space between spheres. Therefore, approximately 75% of the total DSC 
sample volume is occupied by the spherulites at the moment of impinge-
ment, or when the spherulites have a diameter of approximately 60 microns. 
Using the sphere packing relationship, the structural factor, (3, was de-
fined from an energy-volume consideration: 
" VJ ; If ae) / ^ (i5) 
0—U 
The numerator of equation (15) is the cumulative energy absorbed from the 
start of crystallization to the time of spherulite impingement, e.g., area 
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ABEA of Figure 28. The denominator is the energy that would be absorbed 
if all the material within the spherulites at the time of impingement was 
perfectly crystalline. By this mathematical definition, the structural 
factor, {3 , represents the fraction of polyethylene molecules actually in-
volved in formation of the spherulite superstructures during primary 
O Q 
crystallization. In past HDPE isothermal crystallization studies, this 
factor was usually calculated as about one half. In this study, j3 ranges 
between 0.3 and 0.4. 
Combination of equations (14) and (15) gives: 
aH _ 3„2 -3 f X dH 
ae = 24G e di h n ae
 ae (16) 
6—0 
Solving equation (16) for the radial growth rate gives the working equa-
tion : 
- ̂  *-2/3 (i)1/3 ( C § ^ 
If the impingement diameter is known, equation (17) can be used to deter-
mine the instantaneous lamellar growth rate at the start of primary crys-
tallization directly from DSC data. However, equation (17) is accurate 
only if spherulites do form simultaneously and grow at the same rate; 
therefore, impinging on one another at the same time. HDPE appears to 
behave this way. 
38 39 40 
Hoffman and co-workers ' ' have shown that primary crystalli-
zation of polyethylene is by lamellar growth from coherent secondary nu-
cleation. Their analysis provides a mathematical model for the lamellar 
growth r a t e dependence on the melt t empera ture , T, and the degree of melt 
supercool ing , AT: 
e E 
G=Ge R T e T A T (18) 
o 
38 
In equation (18), the growth rate constant, G , is defined by Hoffman 
as : 
b AH AT 
o f 
b kT 0 " a T ° n o 2 s m f . 
G = — r — e e (19) 
o n 
Although G is a function of the melt temperature, it can be con-
sidered as a molecular jump rate constant in the narrow temperature range 
in which polyethylene crystallizes. Using equation (19) and a melt tem-
perature of 394 K, G was calculated to have a value of 1.44 x 10 
r o 
microns/sec. The first exponential term in equation (18) represents the 
probability that a polymer molecule will overcome a viscous flow resis-
tance or energy barrier in approaching the lamellar growth surface. 
Therefore, e may be taken as the Eyring activation energy for viscous 
flow. The second exponential term in equation (18) represents the prob-
ability that a polymer molecule in the vicinity of the growth surface 
will fold onto the crystal surface. In this term E is defined by Hoff-
38 man as: 
4b a a T ° 
,-, o s e m /on\ 
E = AH^k (20) 
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In equations (18) through (20) the terms, R, b , k, h, AH, a , a , T °, 
o t e s m 
are, respectively, the gas constant, molecular thickness on the crystal 
growth face, Boltzmann constant, Planck constant, perfect energy of crys-
tallization, the lamellar fold surface energy, the lamellar lateral sur-
face energy, and the ideal crystal melting point. For HDPE the values 
O Q Q 
for b , AH^, o , and T ° are 4.11 x 10 cm, 2.8 x 10 erg/cm , 9.6 
o t s m 
erg/cm , and 413 K, respectively. 
For HDPE, most of the temperature dependence of G resides mainly in 
the second exponential term of equation (18). The first exponential term 
can be collected with the G term and written as a constant. Equation 
o 
(18) can be expressed as: 
E 
TAT 
G = Ae l (21) 
or in logarithmic form: 
LnG = LnA + ^ (22) 
In equations (21) and (22), the kinetic rate constant A is defined by: 
e 
A = G e R T (23) 
o 
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Nardin and Price developed a similar growth rate expression of this 
form for crystallization studies on polyethylene oxide. They found that 
this relationship could apply to crystallization from the bulk melt state 
and from solvent solutions. 
90 
Using equation (17), DSC data were used to calculate the lamellar 
growth rates during dynamic crystallization at fixed cooling rates of 40, 
10, 2.5, and 0.625 C/min. Results appear in Table 5. As suggested by 
equation (22), the logarithmic growth rates when plotted against the tem-
perature term (TAT) should be linear. This data plot is shown in Fig-
ure 29. Each data set on Figure 29 is for a fixed rate of cooling. As 
expected, data extrapolated to the start of crystallization fit the 
linear relationship of equation (22) better than data at later times. 
Growth rates are measured after the onset of crystallization and, there-
fore, the assumption used to obtain equations (10) and (11) is not cor-
rect; this results in negative departure from the linear relationship 
based on extrapolation of initial growth rates. 
The radial growth rates calculated from the DSC data of this study 
are not comparable to the isothermal crystallization growth rates ob-
served by Price and Lindenmeyer for MARLEX 6050. Figure 30 shows 
that the dynamic crystallization growth rates found by this study, curve 
1, are lower than rates measured in the isothermal studies of Price, 
curve 4, and Lindenmeyer, curves 2 and 3. In Figure 30, all curves were 
calculated by using an ideal HDPE melt temperature of 413 K. The differ-
ence between the curve of this study and the curves of Price and Linden-
meyer could be explained from differences in HDPE material. Their ma-
terial may have contained nucleation sites which were active at higher 
temperatures than the material used in this work. But most probably this 
difference exists because Price and Lindenmeyer in their use of a hot 
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Table 5. Continued 
*Zero Time is defined as the start of the Crystallization Exot 
f*Impingement radius was measured as 30 microns. 
t 413°K was assigned as the melting point. 
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Figure 29. Spherulite Radial Growth Rate During Dynamic 
Crystallization [Temperature Scans: 1) 40°K/min; 
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Figure 30. Comparison of MARLEX 6050 HDPE Radial Growth Ra [Curve 
1) This work; 2) and 3) Lindenmeyer; 4) Price 
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less than 25 microns. Therefore the crystallization phenomenon they 
observed was probably influenced by surface effects which were not pres-
ent in crystallizing the thicker DSC samples. 
The best straight line fit of the data in Figure 29 gives values 
for A and E in equation (21) of 52,200 microns/sec and -90,900°K , re-
spectively. Using these values for A and E and equations (19), (20), and 
(23), the lamellar fold surface energy, <j , and the Eyring activation 
2 
energy for viscous flow, e, were calculated as 54 ergs/cm and 9,800 
cal/mole, respectively. This fold surface energy value is slightly lower 
1 Q oc. OQ 
than previous estimates ' ' which gave values ranging from 57 to 168 
2 
ergs/cm . These past estimates were made by melting crystallized material 
and therefore are not necessarily indicative of the surfaces formed ex-
clusively during primary crystallization. Thus the past estimates could 
reflect the effects of secondary crystallization. 
The low surface energy value calculated in this study for the 
2 
crystallizing lamellae, 54 ergs/cm , implies that molecular folding at 
the lamellar surface during primary crystallization should be uniform and 
is probably accomplished by four or five gauche configurations of the 
polyethylene molecule at each fold. Therefore because of the low surface 
energy, the highly irregular molecular switchboard type fold surface as 
28 
described by the Flory model does not appear to form during primary 
crystallization of HDPE. 
In this study, the calculated viscous flow activation energy value, 
9,800 cal/mole, indicates that polyethylene molecules are probably experi-
encing a low shear rate as they move to attach themselves to the lamellar 
96 
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growth surfaces. According to McKelvey, this particular activation 
energy would closely correspond to melt flow at a shear rate of 1.5 sec 
Therefore during primary HDPE crystallization, polyethylene molecules or 
molecular segments apparently are not moving at high velocities or over 
large distances in traveling in the melt to the lamellar growth surfaces. 
In summary, the lamellar growth rates of HDPE during primary melt 
crystallization, as calculated from DSC data, have been shown to fit the 
model of Hoffman and Weeks for crystallization by coherent secondary nu-
cleation. The growth rate in microns per second occurring during primary 
crystallization can be expressed by the equation: 
-90,900 
TAT 
G = 52,200 e ± n i (24) 
Lamellar Separation and Dimensions 
By working with concentrated polyethylene solutions, Keith and 
48 49 
Padden ' have qualitatively shown that bundles of discrete crystalline 
lamellae are formed during spherulitic crystallization whose width, 6, is 
approximately proportional to the ratio of molecular self diffusion in 
the melt, D, to the spherulitic radial growth rate, G. 
6 = § (25) 
Also they have argued that these crystalline bundles fill space during 
primary crystallization by noncrystallographic branching with a frequency 
inversely proportional to the magnitude of the bundle width, 6, and that 
these bundles are separated from one another by melt containing impurities 
97 
and high molecular weight polymer. The melt between crystalline bundles 
has a thickness approximately equal to the bundle width. Therefore, during 
primary crystallization of polyethylene melts, approximately one half of 
the melt solidifies; the remaining melt between lamella bundles partially 
crystallizes during the secondary stage of crystallization. Also, Keith, 
52 
Padden, and Vadimsky have suggested that the number of molecular tie 
links between lamellar bundles formed from the melt during primary crystal-
lization increases as the distance between bundles decreases. In this 
work, they estimated that the maximum distance in Angstroms that a polymer 
molecule can span to tie together lamellar bundles, d, is related to the 
weight average molecular weight, MW, by: 
1/2 
d = 20 (MW)7 (26) 
The HDPE polymer used in this study, MARLEX 6050, had a weight average 
molecular weight of 10 . Therefore equation (26) indicates that very few 
tie molecules would connect lamellar bundles that are separated by dis-
tances greater than 0.6 micron. 
To determine the bundle width dependence upon bulk crystallization 
conditions, an expression for molecular self diffusion in the melt, D, 
must be established. Few experimental self-diffusion data on high molecu-
lar weight polymers in the melt were available and therefore estimates 
were made from theoretical considerations and the limited experimental 
self-diffusion data available on low molecular weight polymers and 
hydrocarbons. 
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McCall and co-workers have measured the self-diffusion coefficients 
23 
for linear hydrocarbons " and low molecular weight linear polyethylene 
fractions. From these studies, they showed that, for number average 
molecular weights up to 5800, the coefficient of self diffusion, D, mea-
sured in cm /sec at 150 C was proportional to the number of carbon atoms 
in the polymer chain, n, by the relationship: 
D = 2.5 n~5'3 x 10"3 (27) 
For a saturated hydrocarbon or linear polyethylene, n is related to the 
number average molecular weight by: 
n - M fin 
n - 14 <28) 
Therefore, for the 104 molecular weight MARLEX 6050 HDPE melt at 150°C, the 
self-diffusion coefficient as calculated by equation (27) would be 4.38 
x 10 cm /sec. 
McCall and Huggins also found that a similar empirical relation-
ship of the form of equation (27) applied for molecular self diffusion of 
siloxane liquids with molecular weights up to 32,000. Therefore, the 
extrapolation of equation (27) into the domain of higher molecular weight 
linear polyethylene melts does not appear unreasonable. 
M „• «- 7,15,109,111,116 , . f 1 1 Many investigators have shown experimentally and 
theoretically that molecular self diffusion within a material is inversely 
proportional to the material's viscosity, V[, and directly proportional to 
the absolute temperature, T. 
99 
D a^ (29) 
By introducing a proportionality factor which incorporates the intrinsic 
properties of the polymer molecule, C, equation (29) can be expressed as: 
TT 
D = ̂  (30) 
The factor C can be determined for linear polyethylene melts from a knowl-
edge of molecular self diffusion and melt viscosity at a single tempera-
4 
ture. The self diffusion of 10 molecular weight MARLEX 6050 HDPE melt 
at 150 C was determined from equation (27). An estimate of melt viscosity 
is still required before the factor C can be calculated. 
From the lamellar growth rate data obtained by DSC experiments, it 
was previously shown that during primary crystallization from the melt 
state the viscous flow activation energy, 9,800 cal/mole, suggested that 
-1 20 
molecular movement was at a 1.5 sec shear rate. Cross found that for 
o 4 
HDPE melt flow at 190 C in this shear field, the viscosity was 8.0 x 10 
poise. Using this viscosity value and the general jump rate viscosity 
relationship, the effect of molecular weight on viscosity, F(z), was 
determined from: 
U DTI 
T] = F(z) ± eKi (31) 
13 2 
F(z) for HDPE had a calculated value of 1.81 x 10 dynes/cm . Using 
this value of F(z), equation (31) was used to determine the viscosity of 
100 
a HDPE melt flowing at a 1.5 sec shear rate. The polyethylene melt 
viscosity at a 1.5 sec shear rate and 150 C was calculated by equation 
(31) to be 2.39 x 10 poise. This viscosity value together with the 
self-diffusion value at 150 C was used in equation (30) to calculate the 
molecular proportionality factor, C. This factor C, which was assumed 
to be constant over the narrow temperature range of interest, has a value 
of 2.47 x 10"5 dynes/°K. 
Combining equations (30) and. (31) and inserting the values for the 
proportionality factor, C, and the viscous flow activation energy, e, a 
working equation which estimates the self diffusion of a crystallizing 
HDPE melt as a function of melt temperature was formulated: 
-4930 
D = 2.84 x 10"8 T2 e T (32) 
The self-diffusion and temperature units are cm /sec and K, respectively. 
Equations (24) and (32) which represent the lamellar growth rate 
and molecular self-diffusion relationships, respectively, were used to-
gether with Keith and Padden's equation (25) to provide estimates of the 
lamellar bundle size formed during primary crystallization. Table 6 lists 
the calculated properties of a MARLEX 6050 HDPE crystallizing melt and 
the lamellar dimension forming as a function of crystallization or melt 
temperature. In Table 6, the lamellar thickness, A*, in Angstroms, was 
38 
calculated using the kinetic relationship of Hoffman. 
&* = 4^T + 0 , ° 3 5 T (33) 
Table 6. Calculation of Lamellar Dimensions Form 
Primary Crystallization from the Melt 
T *n D G 
Melt Melt Viscosity Self Diffusion Lamellar Lam 
Temp. @1.5 sec"-'- Shear cm^ sec" 
xl0!° 
-1 Growth Rate La h Thi 
°K dyne-•sec cm" "zxl0-6 cm sec~lx 104 
400 .49 200 .0013 1 
398 .52 189 .013 1 
396 .56 175 .071 
394 .60 162 .28 
392 .64 151 .84 
390 .69 140 1.9 
388 .74 130 4.4 
386 .79 120 8.5 
Tl= 8 6 8 
T 
c - D 
6 " G 
4930 
e T D 
I* 
T -5 
= 2.47 ^ x l O 3 
= 1387 + 035 





Formation of Tie Molecules During Primary Bulk Crystallization 
Figure 31 gives the calculated exponential dependence of lamellar 
width with melt crystallization temperature (see Table 6). For HDPE, only 
small changes in melt crystallization temperature can produce extreme 
changes in lamellar widths. Lower crystallization temperatures, which are 
promoted by rapid dynamic crystallization, produce lamellar dimensions 
and separations which are small and can be easily connected by groups of 
tie molecules. Higher crystallization temperatures produce large lamel-
lae which are widely separated and probably connected by fewer molecular 
tie links. Indeed, if equation (26) is correct, the maximum distance 
that can be spanned by a tie molecule having a 10 weight average molecu-
lar weight would be 0.6 micron. Therefore, by referring to Figure 31, 
the isothermally or dynamically crystallized MARLEX 6050 HDPE whose struc-
tures are formed at temperatures greater than 390 K (117 C) should have 
almost no tie links connecting lamellar superstructures. These structures 
can be expected and were found to be brittle when unaxially strained (see 
Table 2, page 48). Figure 31 is based on approximate relationships and 
rough estimates of parameters; hence it is only approximate, but it does 
indicate the correct relationship that a finer and stronger superstructure 
should form at lower HDPE melt crystallization temperatures. 
It was observed from spherulite ring spacings that the fine to 
coarse structural gradient in the dynamically crystallized bulk samples 
was related to a corresponding low to high melt crystallization tempera-
ture gradient. This gradient of structure can be clearly seen in the end 
view scanning electron photomicrograph of the etched bulk dynamically 
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Figure 31. Width of Lamellar Bundles Forming During 
Primary Crystallization 
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crystallized structure at the 1.5 BDR region shown in Figure 32. Magni-
fied views are shown in Figures 33 and 34. The spherulite superstructure 
close to the bulk sample top surface (see Figure 33) which was formed at 
temperatures between 388 to 390 K shows a fine radiating substructure 
with lamellar groups having dimensions in the submicron range. The 
superstructures formed within the bulk sample (see Figure 34), which 
crystallized at temperatures between 391 to 396 K, have coarser substruc-
tures. These lamellar groups have dimensions in the micron range and 
closely correspond to the value shown in Figure 31. Therefore, the gen-
eral ideas on molecular tie groups and structure formations presented by 
Keith and Padden in their work with thin polyethylene films appear to 
hold for the thick bulk melt crystallized HDPE samples formed and stressed 
in this study. 
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Figure 32. SEM of a HDPE Sample Sur-
face in the 1.5 Bulk Draw Ratio Re-
gion [Surface was etched for 100 hr 
in 6M chromic acid at 65°C. End view 
of bulk sample.] 
7-
Figure 33. SEM High Magnifications of Surface AA in Figur 




A chromic acid etching treatment technique was developed; it 
reveals the superstructure of high density polyethylene in surfaces formed 
by cryogenic sectioning from bulk polymers. The chromic acid chemical 
attack on the polymer appears to be limited by the rate of acid diffusion 
to the polyethylene surface rather than by the rates of subsequent oxida-
tion reactions. This confines the reaction to the polyethylene surface. 
Diffusion is more rapid in the less ordered polyethylene structure regions. 
Thus, surface etching is accelerated at the less ordered portions near 
the polymer surface or at structural discontinuities where acid could pene-
trate such as cracks and regions of steep contours. Etching disclosed the 
undisturbed polyethylene structural features found below the sectioned 
surfaces. These morphological features were observed using a scanning 
electron microscope. 
Large isothermal and quenched melt crystallized, high density poly-
ethylene samples were deformed by uniaxial extension at 60 C. Morphologi-
cal examination of the pre-drawn bulk sample structures by light and 
scanning electron microscopy showed that the isothermally crystallized sam-
ples had a uniform splayed spherulitic superstructure; the quenched 
crystallized samples had a superstructure gradient. Ringed spherulites 
were found at the quenched sample surface regions. However, with increas-
ing sample depth, a gradual transition to splayed spherulite superstructures 
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occurred. This structural transition was due to the non-isothermal 
microcrystallization of the quenched samples in the thickness direction. 
Ringed spherulites were formed at the lower melt crystallization tempera-
tures which occurred at the bulk sample surfaces. Due to an increase in 
thermal insulation with sample depth, splayed spherulites found in the 
bulk sample's interior regions were formed at higher melt crystallization 
temperatures. 
As determined from heats of melting and density measurements, the 
splayed spherulite superstructures found in the isothermally crystallized 
samples and in the internal region of the quenched crystallized samples 
were more crystalline than the ringed spherulite superstructures. 
This high crystallinity was probably responsible for the brittle 
behavior of isothermally crystallized bulk samples. The splayed spheru-
lite superstructures of these bulk samples when observed by the scanning 
electron microscope were found to contain many randomly positioned cracks 
having dimensions in the micron range. These cracks were arranged without 
order between and through the splayed superstructures and were probably 
formed because of internal stresses introduced by a sample volume reduc-
tion occurring with high degrees of crystallinity. Because of the size 
of these cracks, they were free to be enlarged with an application of a 
uniaxial load and thereby by crack propagation these isothermally crystal-
lized bulk samples experienced brittle failure. 
No cracks of large magnitude were observed before or after initial 
deformation in the quenched crystallized bulk sample superstructures, but 
density data showed that an apparent volume increase occurred in the ringed 
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spherulite structures after limited drawing. This density decrease could 
be due to the formation of voids within and/or between the spherulite 
superstructures. 
No cracks were observed by light microscopy in the quenched crystal-
lized and drawn samples; nevertheless deformation of the ringed spherulites 
was inhomogeneous. Although the deformation response of neighboring sphe-
rulites varied, generally, all ringed superstructures deformed less than 
that measured for the overall bulk sample. This infers that the center 
portions of the quenched crystallized bulk samples where the splayed sphe-
rulites were found deformed more than that measured for the overall bulk 
sample. Also this implies that spherulites slipped past one another dur-
ing deformation. These inferences were confirmed from scanning electron 
microscopic observations made on highly drawn quenched samples where more 
severe superstructure deformation was seen clearly near the sample center-
line regions. Here, drawn splayed spherulite structures were highly 
elongated and were split into individual fibrous structures. Thus, during 
extension, ringed spherulite superstructures formed at low crystallization 
temperatures experience less deformation than splayed spherulite super-
structures formed at higher crystallization temperatures. 
The stability of deformation for the quenched samples was due to 
the supporting jacket of ringed spherulites found in the external region 
of the bulk samples. This outer structure probably prevented catastrophic 
fracture of the weak splayed structure found internally. This action of 
constrained fracturing of the internal structure probably produced fibrila-
tion of the bulk sample. 
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The variation of sample deformation will be explained from the 
abundance of molecular tie groups found in the various types of spheru-
lite superstructures. 
All spherulites regardless of crystallization conditions had ap-
proximately the same 60 micron diameter. This situation can exist only 
if in cooling at any rate all spherulite nuclei formed simultaneously at 
some specific melt temperature and, thereafter, all spherulites grew in 
concert without interference with one another until all spherulites col-
lided or impinged at the same time. Therefore, melt crystallized bulk 
polyethylene was considered to be constructed from many small perfectly 
packed spherical superstructures. From this model, spherulitic radial 
growth rates during primary crystallization at fixed cooling rates were 
calculated from energy thermograms obtained by a differential scanning 
calorimeter. From these thermograms, it was found that crystallization 
temperature decreased with increasing cooling rates. Spherulitic radial 
growth rates were calculated to increase with faster coolings. This 
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growth rate dependence was compatible with the Hoffman model of 
primary crystallization by a mechanism of coherent, secondary nucleation. 
Analysis of the polyethylene, primary crystallization, spherulitic 
growth rate data using the Hoffman model indicated that molecular movement 
during bulk crystallization was at a low shear rate and that molecular 
folding at the lamellar growth surfaces was uniform with each molecular 
fold probably accomplished by five gauche configurations. This result 
was surprising because previous studies of spherulitic growth rates mea-
sured on isothermally crystallized thin films when analyzed using the 
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Hoffman model, showed that a higher molecular shear rate was occurring 
and that molecular folding at the lamellar surfaces was less uniform. 
These inconsistencies were probably the result of large surface effects 
occurring in their thin film samples. These surface effects were not 
present in the much thicker polyethylene samples used in the differential 
scanning calorimeter. 
From thin film crystallization studies, Keith and Padden have pro-
posed that the number of molecular tie groups forming during primary melt 
crystallization, which connect the lamellae of spherulite superstructures 
and provide mechanical strength, is proportional to the ratio of molecular 
mobility in the melt to the rate of primary crystallization. If molecular 
mobility or self diffusion is large with respect to the rate of lamellar 
growth, then polymer molecules would not be expected to simultaneously 
crystallize onto two widely separated lamellar growth surfaces. However, 
single polymer molecules would more likely crystallize at two different 
lamellar growth surfaces if the small lamellae formed close together at 
rapid rates. 
By estimating molecular self diffusion and lamellar growth rates 
for high density polyethylene systems as functions of melt crystalliza-
tion temperatures, Keith and Padden 's molecular tie group formation model 
was tested against the mechanical response and morphologies of the large 
bulk crystallized samples formed in this study. As expected, the isotherm-
ally crystallized bulk samples which were frozen at elevated melt temper-
atures were observed to have a coarse, splayed, spherulitic superstruc-
ture. This indicates that large lamellar bundles did indeed form its 
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substructure. Also, as expected, these samples were brittle when cold 
drawn and therefore suggest that only a few tie molecules provided sample 
strength. Also, as predicted, the quenched crystallized bulk samples 
which were frozen at lower melt temperatures were found to have fine 
structured, ringed spherulites which were probably made up of small closely 
packed lamellar bundles. Because of the large number of tie molecules 
bridging these small lamellae, stresses introduced into the spherulitic 
superstructures were easily dissipated without catastropic sample frac-
ture. This enabled these spherulitic superstructures to align in the 
stress direction during the initial stages of sample extension and thereby 
position lamellar substructures for micronecking during further ductile 
drawing. Additional support for Keith and Padden's ideas was shown from 
the strain distribution found in the highly drawn, quenched, crystallized 
bulk samples. Here, as expected, ringed spherulites because of a larger 
number of molecular tie groups deformed less readily than the splayed 
spherulites found in the same bulk sample. 
In summary, it was determined that the ductile draw behavior of 
high density polyethylene is critically dependent upon the melt crystal-
lization condition used to form the solid polymer. Slow cooling or use of 
high isothermal temperature conditions to crystallize polyethylene melts 
were found to form highly crystalline solids. These solids contained 
large cracks probably introduced by unrelieved volume contractions. 
These crystallization conditions produced superstructures which contained 
few molecular tie groups to blunt the growth of these cracks when these 
samples were extended at 60 C. Therefore, sample fracture occurred. In 
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contrast, rapid cooling of polyethylene melts was found to form solids 
of spherulite superstructures composed of closely packed lamellar bundles 
which are probably connected by many tie molecules. These tie molecules 
redistributed stress concentrations imposed by the initial stages of 
drawing and thereby blunted any submicroscopic crack propagation. This 
allowed these spherulite structures to rearrange themselves without frac-




For future studies on the morphologies and mechanical responses of 
semicrystalline polymer systems, I recommend: 
1. Other crystallization studies similar to this one using polymer 
systems which have slower crystallization rates should be carried out to 
verify the applicability of kinetic crystallization theory over wide tem-
perature and rate ranges. Polyethylene oxide, polymethylene oxide, poly-
propylene, nylon, and polyethylene terephthalate systems would be excel-
lent candidates. 
2. Although a polyethylene etching technique was established in 
this study, it required long treatment times. Therefore, a faster polymer 
surface etching agent should be found which could be used at low tempera-
tures. Such an agent could also be used in the surface treatment step 
required in polymer metalizing processes. 
3. From this study, it was found that almost no experimental data 
are available on molecular diffusion in the melt state. Work in this area 
is needed to confirm present molecular mobility theories. I suggest that 
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experiments using an autoradiographic technique be attempted to collect 
this self-diffusion data. 
4. A micro-tensile testing machine should be built which could 
determine the physical properties of the small film samples crystallized 
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by the differential scanning calorimeter. With this machine, physical 
properties could be directly correlated with controlled dynamic crystal-
lization conditions. Possibly, a micro-biaxial, stress-rupture apparatus 
18 
similar to that constructed by Cooney would be acceptable for this work. 
5. Primary crystallization data obtained from the differential 
scanning calorimeter should be thoroughly analyzed for possible error 
introduction due to polymer secondary crystallization and the thermal 
response limitation of the DSC instrument. If this data correction can 
be accomplished, secondary crystallization effects can be separated from 
primary effects and the influence of secondary crystallization on the 
final physical properties of semicrystalline polymers can be studied. 
6. The experimental techniques developed in this work to study 
the structure of bulk samples should be used to examine surface effects 
of various materials on the morphologies and properties of thin polymer 
films and fibers. Use of surface nucleation agents to alter crystalliza-
tion kinetics and thereby possibly form desired polymer structures should 
also be explored for commercial importance. 
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